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RESUME 

Les caracteristiques des resines telles que la masse moleculaire, la distribution des 

masses moleculaires et le nombre des longues branches dans les chaines ainsi que les 

conditions de procede sont des facteurs cles dans la production de films precurseurs pour 

la fabrication de membranes polymeres. L'epaisseur, l'orientation et la connexion entre 

les cristaux controlent ultimement la structure de la membrane. Dans cette these, nous 

avons etudie le developpement de membranes microporeuses ayant de hautes 

performances a partir le films monocouches et multicouches a base de polypropylene et 

de polyethylene de haute densite (PP/HDPE). Ces membranes sont obtenues par 

extrusion suivi d'etirage uniaxial de la structure lamellaire en rangee a l'aide d'une 

installation de production industrielle (Polynov). Nous avons egalement etudie l'etirage 

de films de PP ayant une structure composee de lamelles et spherulites ou spherulites 

seulement a l'aide d'un equipement d'etirage dans la direction machine (MDO) pour 

observer les changements de la morphologie en relation avec les proprietes barrieres, de 

dechirure et de per§age. 

En plus de la fabrication des membranes par etirage, des etudes exhaustives des 

proprietes thermiques et rheologiques de melanges de differents polypropylenes lineaires 

(L-PP) avec des polypropylenes possedant de longues branches (LCB-PP) ont ete 

effectuees. Elle ont fourni des informations tres importantes concernant les 

caracteristiques des resines, particulierement sur l'effet de la masse moleculaire Mw et 
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des longues branches sur les proprietes rheologiques et thermiques, qui pourraient etre 

tres utiles pour des developpements subsequents des membranes polymeres. 



IX 

ABSTRACT 

One of the techniques to make porous membranes from polymers without using solvent 

and/or particles is based on the stretching a polymer film containing a row-nucleated 

lamellar structure. Resin characteristics such as molecular weight, molecular weight 

distribution, and amount of long chain branching as well as process conditions are the 

key factors for the production of the precursor films with appropriate crystalline 

morphology and orientation, which in turn control the final membrane properties. We 

have developed microporous membranes with high performances from monolayer as 

well as multilayer polypropylene/high density polyethylene (PP/HDPE) films through 

cast extrusion followed by uniaxial stretching of row-nucleated lamellar structure 

involving industrial scale capabilities. We also investigated the drawing of 

polypropylene films with coexisting rows of lamellae and spherulites and only 

spherulites using a machine direction orientation (MDO) unit. We have investigated 

changes in morphology in relation with the barrier properties as well as tear and 

puncture properties. A complete disruption of the initial structure was observed at high 

draw ratios and a correlation between orientation of both crystalline and amorphous 

phases and barrier properties was found. 

In addition to the membrane fabrication by stretching, comprehensive investigations 

on the rheological and thermal properties of blends of different linear polypropylenes 

(L-PP) and a long chain branched polypropylene (LCB-PP) were performed. This 

provides valuable information concerning the resin characteristics particularly the effect 



of molecular weight and long chain branching on the rheological and thermal properties, 

which was helpful in the membrane development. 
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CONDENSE EN FRAN£AIS 

Les techniques de fabrication des membranes poreuses polymeres sans utilisation de 

solvant ou ajout de particules ont ete developpees dans les annees 70 du vingtieme siecle 

pour diverses applications, en particulier pour les separateurs dans les batteries lithium-

ions et l'oxygenation du sang. Cependant, la majeure partie des informations relatives a 

ces techniques et precedes appartiennent aux compagnies qui les ont developpees et ne 

sont pas disponibles pour la communaute scientifique. Une des techniques est basee sur 

l'etirage d'un film polymere ayant une structure lamellaire en rangee. Dans ce procede, 

trois etapes consecutives sont effectuees pour obtenir les membranes poreuses: (1) 

preparation d'un film precurseur ayant une structure lamellaire en rangee par 

cristallisation induite sous cisaillement et elongation, (2) recuit du film precurseur a des 

temperatures proches du point de fusion de la resine pour eliminer les imperfections 

dans la phase cristalline et augmenter l'epaisseur des lamelles et, (3) etirage a basse et 

haute temperature pour creer et elargir les pores, respectivement. Pour produire les 

membranes microporeuse par la technique d'etirage, le film precurseur doit avoir une 

orientation moleculaire et un alignement des lamelles adequats. Les caracteristiques des 

resines telles que la masse moleculaire, la distribution des masses moleculaires et le 

niveau des longues branches dans les chaines ainsi que les conditions de procede sont 

des facteurs cles dans la production de films precurseurs. Ainsi l'epaisseur, l'orientation 

et la connexion entre les cristaux controlent ultimement la structure de la membrane. 

Dans cette these, nous avons etudie le developpement de membranes microporeuses 
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ayant de hautes performances a partir le films monocouches et multicouches a base de 

polypropylene et de polyethylene de haute densite (PP/HDPE) obtenus par extrusion 

suivi d'etirage uniaxial de la structure lamellaire en rangee a l'aide d'une installation de 

production industrielle (Polynov). Nous avons egalement etudie l'etirage de films de PP 

ayant une structure composee de lamelles et spherulites ou spherulites seulement a l'aide 

d'un equipement d'etirage dans la direction machine (MDO) pour observer les 

changements de la morphologie en relation avec les proprietes barrieres, de dechirure et 

de percage. 

Une revue de la litterature sur la classification des membranes, les facteurs 

importants affectant la structure cristalline, les travaux precedents sur la fabrication des 

membranes et les etudes d'orientation dans la direction machine des films semi-

cristallins est presentee au chapitre 2. Les materiaux utilises et la methodologie pour la 

realisation de nos objectifs sont presentes au chapitre 3. Le chapitre 4 explique 

brievement l'organisation des articles. Au chapitre 5, l'influence des chaines de haute 

masse moleculaire du PP sur sa cristallisation lamellaire en rangee a ete etudiee a l'aide 

des techniques de diffraction des rayons X aux grands et petits angles (WAXD et 

SAXS), la spectroscopic infrarouge (FTIR) et les mesures mecaniques. 

L'ajout de jusqu'a 10% en poids d'un PP de haute masse molaire (Mw) a un PP 

de basse masse Mw a ameliore l'orientation tant de la phase cristalline qu'amorphe. Les 

changements structuraux induit par le recuit ont egalement ete explores. Le recuit a 140 

°C sans extension a contribue significativement a la perfection de la phase cristalline du 
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PP. On a montre qu'en utilisant des melanges polymeres, la densite des pores, leur taille 

et distribution, la porosite et la tortuosite des membranes poreuses pouvaient etre mieux 

controlees. 

Le chapitre 6 discute en details les effets des parametres de procede tels que les 

conditions de refroidissement par l'air, la temperature du rouleau de refroidissement et le 

taux d'etirage sur l'orientation cristalline, la morphologie et les proprietes mecaniques 

des films produits a l'echelle industrielle a Polynov ainsi que sur la formation des 

membranes microporeuses. Le refroidissement a l'air et la temperature du rouleau de 

formage ont eu un role crucial sur l'orientation et le niveau de formation de lamelles 

dans les films. Les proprietes mecaniques en tension et la dechirure dans les directions 

machine (MD) et transverse (TD) des films ont ete evaluees et reliees a la structure 

cristalline. Des augmentations significatives dans le module de Young, la contrainte au 

seuil, la resistance en tension et l'absorption d'energie en tension dans la direction MD 

et une diminution drastique de 1'elongation a la rupture dans la direction TD ont ete 

observees pour les films ayant subi un refroidissement a l'air. Nous avons egalement 

reporte des resultats sur les membranes microporeuses qui elucident l'effet de la 

microstructure des films precurseurs en PP sur la morphologie et la permeabilite des 

membranes. 

Le chapitre 7 presente les resultats sur la fabrication des membranes 

microporeuses tricouches PP/HDPE/PP par le procede d'extrusion cast suivi d'etirage. 

Le role des parametres de procede et de recuit sur l'arrangement et l'orientation de la 
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phase cristalline developpee dans les films monocouches ainsi que les composantes des 

films multicouches a ete examine et discute. Un effet significatif du recuit sur la longue 

periode des cristaux et l'epaisseur lamellaire a ete observe. La cristallisation lamellaire 

en rangee et la trans-cristallisation observees sur la surface et a l'interface entre les 

couches, respectivement, ont ete analysees. Des images par microscopie electronique a 

balayage (SEM) de la surface des membranes et de sections en epaisseur ont montre des 

pores plus grosses et une porosite plus elevee pour le HDPE compare au PP. De plus, 

l'influence des variables d'etirages (i.e. temps et temperature) sur le taux de 

transmission de la vapeur d'eau (WVTR) a ete consideree. 

Tel que mentionne precedemment, l'etirage d'un film de morphologie lamellaire en 

"shish-kebab" hautement orientee implique la separation des lamelles superposees, 

conduisant a la formation de pores et la generation de membranes microporeuses. Par 

contre, l'etirage de films ayant une structure cristalline en spherulites implique une 

transformation morphologique des spherulites, ce qui affecte les proprietes finales des 

films. Au chapitre 8, les films precurseurs ayant une structure en spherulites ou en 

spherulites et lamelles combinees ont ete etires uniaxialement a 120 °C a l'aide d'un 

equipement d'etirage dans la direction machine (MDO). Les changements de la structure 

et la morphologie cristalline ont ete examines par DSC, FTIR, SAXS et WAXD et relies 

aux proprietes barrieres, de dechirure et de pergage. Des effets significatifs de la 

morphologie cristalline initiale ainsi que du rapport d'etirage (DR) sur l'alignement des 

phases amorphes et cristallines ont ete observes. Nos resultats ont montre qu'en 
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augmentant le DR, les lamelles cristallines se brisent et reorientent le long de la direction 

d'etirage puis, a haut DR, ont ete deformees et transformees en une structure fibrillaire. 

Le taux de transmission d'oxygene (OTR) des films orientes par MDO pouvait etre 

correle avec les parametres d'orientation ainsi que l'intensite du pic de transition p des 

segments de chaines amorphes liant les blocs cristallins. 

En plus de la fabrication des membranes par etirage, des etudes exhaustives sur les 

proprietes thermiques et rheologiques de melanges de differents polypropylenes lineaires 

(L-PP) avec ceux ayant de longues branches (LCB-PP) ont ete effectuees. Meme si cette 

derniere partie de la these s'ecarte de l'etude des membranes microporeuses, elle fournit 

des informations tres importantes concernant les caracteristiques des resines, 

particulierement sur l'effet de la masse moleculaire Mw et des longues branches sur les 

proprietes rheologiques et thermiques, qui pourraient etre tres utiles pour des 

developpements subsequents des membranes. L'annexe A elucide 1'impact de l'ajout des 

chaines ayant de longues branches (LCB-PP) au L-PP sur ses proprietes rheologiques, 

incluant le comportement extensionnel transitoire et en regime permanent sur une large 

gamme de vitesses de deformation. Les resultats en cisaillement obtenus sur des 

rheometres commerciaux ainsi que du rheometre a filiere en fente ont ete utilises pour 

verifier l'analogie de Cox-Merz pour les composants pur et les melanges. Un rheo-

epaississement important a ete observe pour le LCB-PP ainsi que pour tous les 

melanges, mais diminuait avec 1'augmentation de la vitesse de deformation et n'a pas ete 

observe pour le L-PP. A 1'annexe B, le role de la masse moleculaire du L-PP sur le 
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comportement rheologique des melanges LCB-PP/L-PP a ete considere. Se basant sur la 

relation d'additivite logarithme de la viscosite a faible cisaillement, les diagrammes 

Cole-Cole, les spectres de relaxation ponderes et le comportement elongationnel, les 

melanges de L-PP de basse masse moleculaire avec le LCB-PP ont ete evalues comme 

etant miscibles. Cependant, les melanges de L-PP de haute masse moleculaire avec le 

LCB-PP etaient immiscibles. De plus, l'influence de l'ajout du LCB-PP au L-PP sur les 

proprietes thermiques, la vitesse de cristallisation et le comportement a l'etat solide a ete 

explore. 
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CHAPTER 1 

INTRODUCTION 

Microporous membranes are commonly used in separation processes such as battery 

separators and medical applications to control the permeation rate of chemical 

components. Due to the wide range of chemical structures, optimum physical properties, 

and low cost of polymers and polymer blends, these materials are known as the best 

candidates for the fabrication of microporous membranes. 

Three commercially available processes are used for making microporous 

membranes: solution casting (also known as extraction process), particle stretching, and 

dry-stretching1. In the extraction process, the polymeric raw material is mixed with a 

processing oil or plasticizer, this mixture is extruded and the plasticizer is removed 

through an extraction process2. In the particle stretch process, the polymeric material is 

mixed with solid particles, this mixture is extruded, and pores are formed during 

stretching in the interface between the polymer and solid particles3. Costly processes and 

difficulties in dealing with solvent and particle contaminations are main drawbacks of 

such methods. However, the dry-stretch process, which is the method used in this study, 

is based on stretching of a polymer film containing a row-nucleated lamellar structure. 

Three consecutive stages are carried out to obtain porous membranes by this technique: 

(1) creating a precursor film possessing a row-nucleated lamellar structure through shear 
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and elongation-induced crystallization of the polymer having proper molecular weight 

and molecular weight distribution, (2) annealing the precursor film at temperatures near 

the melting point of the resin to remove imperfections in the crystalline phase and to 

increase lamellae thickness, and (3) stretching at low and high temperatures to create 

and enlarge pores, respectively ' . To produce microporous membranes by the stretching 

technique, obtaining precursor films with an adequate orientation and alignment of the 

crystal lamellae are needed4. The type of resin and applied processing conditions are the 

key factors for the production of the precursor films with controlled type, thickness, 

orientation, and connection of the crystals, which in turn control the final membrane 

structure. 

There are two main industrial processes for the production of films: film blowing 

and cast film extrusion. It is well known that the thickness variation in blown films are 

considerably greater compared to cast films. For the preparation of porous membranes, 

obtaining a precursor film with excellent thickness uniformity is strongly recommended 

since any non uniformity causes irregularities in the stress distribution in the following 

stretching process. In addition, compared to film blowing, cast film process has more 

flexibility in the supply of air cooling from both sides, leading to a more uniform 

lamellar structure in both surfaces. 

A few authors have investigated the formation of porous membranes from 

polypropylene (PP)4, polyethylene (PE)5, poly (vinylidene fluoride) (PVDF)6, polyoxy-

methylene (POM)7, and poly (4-mefhyl-l-pentene) (PMP)7. The main applications for 
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these materials are often for battery separators and blood-oxygenation. In fact, lithium 

(Li) batteries will generate heat if accidentally overcharged. Separator shutdown is a 

useful safety feature to restrict thermal reactions in Li-batteries8'9. Shutdown occurs 

close to the melting temperature of the polymer, leading to pores collapse and restricting 

passage of current through the cell. For instance, PP separators melt around 160 °C 

whereas PE separators have shutdown temperature between 120 °C and 130 °C. 

The main objective of this study is to develop microporous membranes with high 

performances from monolayer as well as multilayer PP/HDPE films through cast 

extrusion and stretching of the row-nucleated lamellar structure involving industrial 

scale capabilities. We believe that by using polymer blends, the pore density, pore size 

and distribution, porosity, and tortuosity of the porous membranes can be better 

controlled. In the case of multilayer membranes, the middle layer, which has a lower 

melt temperature, Tm, is used as a fuse for safety purposes, whereas the side layers, 

which have higher Tm, provide the mechanical stability at and above Tm of the middle 

layer. We also investigated the drawing of the polypropylene films with coexisting rows 

of lamellae and spherulites and only spherulites using a machine direction orientation 

(MDO) unit to see changes in morphology in relation with the barrier properties as well 

as tear and puncture properties. 

In order to help the readers to follow the results presented in this dissertation, the 

literature review concerning membrane classification, the most important factors 

affecting crystalline structure, the previous works carried out on the membrane 
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fabrication, and the studies on the machine direction orientation (MDO) process for 

stretching of the semicrystalline films is given in Chapter 2. The materials used and our 

methodology to achieve the objectives are presented in Chapter 3. Chapter 4 briefly 

explains the organization of the papers. In Chapter 5, the role of high molecular weight 

chains on the PP row-nucleated lamellar crystallization and microporous membranes 

formation was investigated using WAXD, SAXS, FTIR, SEM and mechanical 

measurements. Chapter 6 discusses in depth the effect of processing parameters such as 

air cooling conditions, chill roll temperature, and draw ratio on the crystalline 

orientation, morphology, and mechanical properties of the cast films made at the 

industrial scale and on the formation of microporous membranes. The results showed 

that air cooling and cast roll temperature had a crucial role on the orientation and amount 

of lamellae formation of the cast films. Chapter 7 presents the results on development of 

microporous membranes from PP/HDPE multilayer films. It will be shown that 

controlling the processing parameters enables us to control the crystalline structure of 

the components in the multilayer, leading to the fabrication of microporous trilayer 

membranes. In Chapter 8, a detailed investigation of the structure evolution of 

precursors having spherulitic structure and coexisting rows of lamellae and spherulites 

with uniaxial (MDO) stretching is carried out. In addition, the relationships between 

morphological transformation, tear, and puncture properties are discussed. In Chapter 9 

(general discussion), a full review regarding the most important factors affecting the 

microporous membranes fabrication and MDO stretching is presented. Finally, Chapter 
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10 summarizes the most important conclusions of this thesis and outlines some 

recommendations for the future works in this area. 

In addition to the membrane fabrication by stretching, a comprehensive study was 

conducted on the rheological and thermal properties of blends of linear polypropylenes 

(L-PP) and a long chain branched polypropylene (LCB-PP). Although the last part of 

this dissertation deviates from the microporous membrane study, but provides valuable 

information concerning the resin characteristics particularly the effect of molecular 

weight and long chain branching on the rheological and thermal properties, which could 

be helpful for further membrane development. Appendix A elucidates the impact of the 

addition of a long chain branched polypropylene to a linear polypropylene on the 

rheological properties, including transient and 'steady' extensional behavior over a wide 

range of deformation rates. In Appendix B, the role of molecular weight of linear 

polypropylene on the rheological behavior of blends of linear and long-chain branched 

polypropylene is considered. In addition, the influence of adding the LCB-PP on the 

thermal properties, crystallization, and solid state behavior of the blends is explored. 
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CHAPTER 2 

LITERATURE REVIEW 

2.1 Membrane classification 

A membrane is a semi permeable barrier to separate components of a solution or 

particles dissolved in a fluid due to their chemical or physical properties when a driving 

force is applied1 . Due to the wide range of chemical structures, optimum physical 

properties, and low cost of polymers and polymer blends, these materials are known as 

the best candidates for the fabrication of membranes. Polymeric membranes have been 

developed for various industrial applications such as microfiltration, ultrafiltration, 

reverse osmosis (RO), gas separation, and wastewater treatment11. Membranes are 

commonly classified based on the size of the separated materials as depicted in Figure 

2.1. 
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Fig. 2.1 Separation processes differing in the size of the particles to be separated11. 

Depending on the structure, polymeric membranes are divided in two categories: 

isotropic membranes and anisotropic membranes11. Isotropic membranes contain 

uniform structure while anisotropic membranes have a chemically or a physically 

heterogeneous structure. Isotropic membranes can also be classified in the three 

categories as follow11: 

a) Microporous membranes: this kind of membranes has a highly porous structure with 

randomly distributed interconnected pores. In microporous membranes, pores size 

varies from 0.01 to 10 u.m in diameter. 

b) Nonporous or dense membranes: this is a dense film in which permeates are passed 

by diffusion under an applied driving force. 

c) Electrically charged membranes: in this type of membranes, separation is obtained 

by exclusion of the particles with same charge. 
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On the other hand, anisotropic membranes have a skin/core structure. The skin layer 

is an extremely thin surface layer supported on a much thicker core with porous 

structure. The skin/core structure can be formed in a single operation or separately. A 

schematic diagram of isotropic and anisotropic membranes is illustrated in Figure 2.2. 

2.2 Techniques for membrane fabrication 

Polymeric membranes are made through various techniques such as: phase 

separation12'13, track etching14'15, leaching16, thermal precipitation17, and stretching4'5'7. 

In phase inversion, the polymeric raw material is mixed with a solvent as well as a non 

solvent and during phase separation a first phase rich in polymer forms the matrix and 

the second phase poor in polymer creates the pores. In track etching the polymeric film 

is irradiated to create tracks followed by acid etching. Leaching is based on extrusion of 

the polymeric row material added with the solid particles followed by the extraction of 

the solid, leading to pores formation. In thermal precipitation cooling of a mixture of a 

polymer with a solvent is applied to enable phase separation followed by extraction of 

the solvent. Stretching technique is based on the stretching of a polymer film containing 

a dispersed phase where upon stretching pores are created due to stress concentration at 

the interface of these sites11, or stretching a specific crystalline morphology as detailed 

below. Table 2.1 summarizes the different techniques for membrane formation. 



Isotropic microporous 
membrane 

Nonporous dense 
membrane 

Electrically charged 
membrane 

3P> 

Symmetrical membranes 

Leob-Sourirajan 
anisotropic membrane 

Thin-film composite 
anisotropic membrane 

m^^g——• 

Anisotropic membranes 

Fig. 2.2 Schematic illustration of various polymeric membranes' 

Table 2.1 Different major techniques to prepare microporous polymeric membranes". 

Method Description 

Phase inversion 
Phase separation of a ternary mixture 
of polymer, solvent, and nonsolvent 

Stretching 
Combined stretching and heat treat­
ments of extruded semicrystalline film 
or of filled systems 

Track etching 
Irradiation of polymeric films or foils 
to create tracks and then followed by 
acid/caustic etching 

Sintering 
Pressing a semicrystalline polymer 
powder of a given size and sintering at 
elevated temperatures 

Leaching Extraction of solid pore formers 

Thermal precipitation 

Cooling a mixture of a polymer with a 
mixed or single solvent to enable phase 
separation to occur followed by extrac­
tion of the solvent phase 
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2.3 Stretching 

This technique is based on the drawing of a polymer film or sheet having one of the 

followings: filled particles18"21, droplets of an immiscible polymer component22'23, a 

94 9^-78 

mixed solvent , beta or hexagonal unit cell crystals " , or a stacked lamellar structure. 

Since the aim of this dissertation is making microporous membranes by stretching a 

stacked lamellar crystalline structure, introducing other stretching techniques will help 

the reader in understanding the importance of the process used. 

In the stretching a filled polymer film, the resin is first mixed with a filler and then 

melt extruded to make a composite film or sheet. Upon applying stretching, the cracks 

are initiated and subsequently propagated in the interface of filler particles and polymer 

matrix. The pore size, pore size distribution, and porosity depend on the type of filler, its 

interaction with matrix, blending process, amount of filler, and also film thickness. To 

completely remove the filler from polymer matrix after drawing, the filler should have 
S Of) 

poor wetting ability with polymer matrix . Nago et al. developed porous membranes 

by biaxial stretching sheets of a mixed polypropylene with an inorganic filler (CaCOs). 

As demonstrated in Figure 2.3, by decreasing the mean particle size of the filler the 

effective porosity increased and also the equivalent pore size decreased. 
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0.01 jam OAm 1 Mm lO/'m 
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Fig. 2.3 Pore size distributions of the biaxially stretched samples20. 

Nago et al.21 also developed microporous membranes by adding 56 wt% of an 

organic filler (polymethylsilsesquioxane) with different sizes into a polypropylene. From 

Figure 2.4, it is clearly observed that larger pores are formed for the stretched films 

mixed with particles of a larger size. 

Xanthos et al.22 were probably the first investigators to develop microporous 

membranes based on the stretching of the immiscible polymer blends. In that study, 

stretching caused debonding at the interface of incompatible polymer blends of PP and 

PS and also a small amount of a copolymer as a compatibilizer, resulting in membrane 

formation. Their findings showed that the dispersion of the minor component with a 

narrow particle size distribution was the most important factor controlling the pores size. 
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Surface Crass-seetioE 

Fig. 2.4 SEM images of biaxialHy stretched PP unlcroporous sheets. The mean particle size of 
fillers is: No.l: 2p., No.2: 1.3 um, and No.3: 0.8 um21. 

The solvent stretching technique was first invented by Williams et al. in 1974. In 

this technique, a polymeric film having at least two components is immersed in the 

solvent and absorption of the solvent takes place in the component with less volume 

fraction. Then the film is first stretched in one or two directions while it is in contact 

with the solvent and then maintained in its stretched form during removal of the solvent. 

The (3 crystalline form is not stable and under certain levels of stress transforms into 

the more stable a crystalline form. Shi et al.25 revealed that the |3 crystals transformed 

into a smectic state at a drawing temperature below 80 °C, but transformed to the more 

stable a form at higher temperatures. Since the density of the P crystals is lower than that 

of the a (0.921 g/cm3 compared to 0.936 g/cm3), this transformation caused volume 
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contraction in the bulk of polymer, resulting in the creation of voids " . Chu et al. 

considered the process of void formation in PP during phase transformation. The PP 

films of different crystalline states were prepared by using 0.1% of a nucleating agent 

(NU-100 from NJStar Co.) and changing the crystallization temperature ranging from 10 

to 110 °C. The results showed that the porosity decreased with an increase in draw 

temperature and the quantity and dimensions of the micro voids increased with draw 

ratio up to an optimum value. 

Costly processes and difficulties in dealing with solvent and particle contaminations 

as well as the presence of the nucleating agents are main drawbacks of methods 

described. However, besides the above stretching methods, uniaxial stretching a stacked 

lamellar structure has been developed for fabricating microporous membranes. Three 

consecutive stages are carried out to obtain porous membranes by this technique: (1) 

creating a precursor film having a row-nucleated lamellar structure by mechanism of 

shear and elongation-induced crystallization, (2) annealing the precursor film at 

temperatures near the melting point of the resin to remove imperfections in the 

crystalline phase and to increase lamellae thickness, and (3) stretching at low and high 

temperatures to create and enlarge pores, respectively4'5'7. For instance, Figure 2.5 

illustrates the structure of a PP film before and after stretching. Obviously, a large 

number of interconnected microvoids are produced upon uniaxial deformation of the 

annealed film. 
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Fig. 2.5 SEM micrographs of surface of a PP film a) before and b) after stretching. 

To produce microporous membranes by this technique, precursor films with an 

adequate orientation and alignment of the crystal lamellae are needed ; the higher the 

crystalline alignment in the precursor, the better is expected the lamellae separation and, 

as a consequence, the larger the porosity and permeability of the microporous 

membranes. As will be extensively addressed, in polymer melt, upon applying a large 

enough shear or extensional stress, the long chains are elongated into the flow direction 

and serve as nucleating sites for the later lamellae crystallization. As temperature 

decreases, the shorter chains crystallize on the extended molecules (shish) to form a 

row-nucleated lamellar structure. 

The row-nucleated lamellar structure has been observed for quite a few semi-

crystalline polymers such as poly (vinylidene fluoride) (PVDF) ' , poly oxymethylene 

(POM)7, poly (4methyl-lpentene) (PMP)7, polypropylene (PP), and polyethylene (PE) 

(see Figure 2.6). 
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Fig. 2.6 Stacked lamellar crystal structure observed on the surface of a) PVDF (AFM) , b) 
PVDF (SEM)6, c) POM7, d) PMP7, e) PP, and f) PE. 

2.4 Polypropylene and polyethylene structure 

Polypropylene (PP) is synthesized via Ziegler-Natta and metallocene catalysts with high 

level of crystallinity and different isotacticity and molecular weight. PP is known as an 

important industrial polymer due to its versatility and development of new catalysts and 

polymerization processes1 . The completely solidified PP is typically about 40-60% 

crystalline and 60-40% amorphous. At room temperature, the mechanical responses of 

PP is directly related to the level of crystallinity, since the crystal phase is much stiffer 

than the amorphous phase at temperatures above the glass transition temperature (Tg,PP is 

about 10 °C)31. 
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Three crystalline unit cell structures are possible for PP: a, p\ and y. The a form, 

which is formed mostly under a slow cooling and high stress, has a monoclinic structure 

(a=6.65 A, 6=20.96 A, c=6.5 A, p=99°20', N=4 (chain per unit cell), and 

density=0.936 g/cm3). The alpha crystals melt at about 160 °C for Zeigler-Natta 

polymerized homopolymers. The |3 unit cell is hexagonal (a=19.08 A, c=6.49 A, yv=9, 

density=0.922 g/cm ) and is created under large temperature gradient or fast cooling rate 

and also using certain nucleating agents. In the absence of the nucleating agent, the 

fraction of the beta crystals is less than 5%, which shows a melting peak that is around 

12-14 °C below that of the alpha crystal. The y crystal structure is tetragonal (a=6.38 A, 

c=6.33 A, N-l, density=0.939 g/cm3) and appears in low molecular weight PP or when 

crystallization is performed under high pressure32. 

The crystalline unit cell structure of polyethylene (PE) is well established. The unit 

cell is orthorhombic (a=7.40 A, 6=4.93 A, and c=2.534 A). However, the unit cell 

dimensions of a linear polyethylene vary with temperature ' and crosslinking . Figure 

2.7 shows the arrangement of the polymer chains into the unit cell. The PE polymer 

chain is arranged in a zigzag conformation with its chain axis along the c-axis . The fact 

that the molecule of PE is in the range of 5-10 urn and the lamellae thickness is about 10 

nm, Keller concluded that the molecules must fold up and down at the surface of the 

lamellae. 
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Fig. 2.7 The orthorhombic unit cell structure of polyethylene5. The right is also showing the 
monoclinic unit cell structure of polypropylene. 

2.5 Flow induced crystallization (FIC) 

The crystall ization behavior of semicrystall ine polymers is strongly affected by the type 

(i.e. shear or elongation) and magnitude of flow. To control processing parameters, the 

shearing protocol, as introduced by Janeschiz-Kriegl et al.37, is considerably uti l ized in 

various experimental set-ups. Differential scanning calorimetry (DSC)38 '39 , rheometery40" 

42, optical microcopy (OM)4 3 , birefringence measurements44 '45 , small angle X-ray 

scattering (SAXS)46"48, and wide angle X-ray diffraction (WAXD)4 6"4 9 are used to 

investigate the effect of flow on crystall ization. Since a row-nucleated lamellar structure 
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is obtained via the crystallization under flow, in this section, principal influencing 

parameters on FIC are addressed. 

Polypropylene (PP) crystallizes slowly under quiescent conditions and a large 

amount of the crystals have a spherulitic structure. However, upon applying stress or 

shear, the amount and rate of crystallization are enhanced drastically. In addition, the 

crystallization under stress leads to the lamellar structure, which is desirable for 

producing microporous membranes by stretching. Figure 2.8 illustrates flow induced 

crystallization (FIC) experiments on an isotactic PP, reported in Ref.43. Under quiescent 

crystallization (Figure 2.8a), spherulites were formed by crystalline lamellae growing in 

three dimensions initiated from a point-like nuclei. The numbers of spherulites were 

significantly depended on crystallization temperature43. Figure 2.8b displays the 

influence of shear flow on the orientation of the crystals, where the same thermal history 

as in Figure 2.8a was applied. In such an experiment, shear flow was applied in a 

parallel plate geometry by moving the upper plate for a few seconds at 140 °C. Clearly, a 

huge increase in the number of nuclei could be observed (Figure 2.8b) and highly 

oriented structures were obtained when the deformation applied was strong (Figure 

2.8c). Keller and coworkers50 showed that a shish-kebab morphology (Figure 3b) could 

be formed beyond a certain elongation rate, depending on the resin molecular weight. 

Eder and Janeschitz-Kriegl51 found that these structures can also be observed in shear 

flow upon applying high stresses. 
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Fig. 2.10 Schematic of the types of row structure with the respective extrusion conditions and 
the main features of the PE WAXD patterns5. 

The mechanical responses are quite distinct between row-nucleated and spherulitic 

crystalline structures53"56. Films possessing a row-nucleated structure reveal anisotropic 

tensile properties along MD and TD whereas spherulitic morphologies reveal isotropic 

(balanced) responses. 

The flow induced crystallization can be explained from thermodynamic and kinetic 

points of view7. The nucleation rate at T > (Tm+Tg)/2 has been given by Yeh and Hong 

as follow: 

.57 

AT 

AT 
exp kBT 

r AHfAT 
-2\ 

AHJAT 
• + T1AS (2.1) 
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where N° is the nucleation rate in the oriented state, N is the nucleation rate in the 

quiescent state, kB is the Boltzmann constant, AH/ is the heat of fusion. The impact of 

orientation on nucleation was suggested to be due the entropy difference between the 

oriented and unoriented states (i.e. AS=Soriented-Sunoriented), where oriented entropy is 

lower than the unoriented one. From the above equation, obviously, faster nucleation 

under flow is expected. Also from Eq. 2.2, it can be shown that the melting temperature 

(Tm) increases as entropy due to higher orientation decreases7: 

AHf 
T . - ^ - (2.2) 

where AS/ is the difference between the oriented crystal phase and the melt and AHf is 

the enthalpy difference between the crystalline phase and the melt. The enthalpy change 

for an oriented melt state compared to an unoriented melt is almost negligible whereas 

the entropy variation is considerable, hence dominant in Tm. 

Using rheometery, in-situ small angle X-ray scattering (SAXS) and/or wide angle 

X-ray diffraction (WAXD) analyses, the effects of the applied shear rate and shearing 

time as well as the material parameters on the shear induced crystallization process for 

PP and PE have extensively been investigated46"49'58'59. Housmans et al.58 used a 

rheometer with small plate-plate geometry of 8 mm to study the crystallization kinetics. 

For flow induced crystallization (FIC) experiments, the samples were molten at high 

temperatures to erase thermomechanical history and cooled to the desired crystallization 

temperature with a controlled cooling rate. A shear flow for a certain shear time, ts, was 



applied prior to dynamic time sweep tests. The storage modulus evolved by starting 

crystallization in the melt and reached a plateau at the end of crystallization. Figure 2.11 

compares the time of evolution of storage modulus for a PP crystallized at 138 °C under 

quiescent condition as well as after subjecting it to flow at different shear rates and 

applying a constant strain. The figure also shows the optical micrographs indicating the 

characteristic morphologies for the three crystallization experiments. It is obvious that 

applying shear rate accelerated the crystallization process. They, moreover, showed that 

a critical shear rate existed, below which no influence of the crystallization kinetic was 

observed. 

Fig. 2.11 Evolution of the storage modulus during crystallization of an iPP at r=135 °C, 
measured under quiescent conditions (o, 1) and after shearing at y=60 s"1 for ts=ls (•, 2) and 
ts=6 s (A, 3). Optical micrographs indicate the characteristic morphology for the three 
crystallization experiments49. 
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Somani et al. followed the orientation development upon applying different shear 

rates. They found that at a certain shear rate only molecules with a chain length 

(molecular weight) above a critical value (critical orientation molecular weight, M ) can 

form stable oriented row-nuclei while the rest create lamellae over these nuclei sites. In 

addition, it was shown that M drops as the imposed shear rate increased, and the 

* D 

following relation between M and y was introduced: 

M*=Ky~a (2.3) 

where M is the critical molecular weight for orientation, y is the shear rate, K is a 

proportionality constant, and a is an exponent. Figure 2.12 shows the imposed shear rate 

dependence of the critical orientation molecular weight. It is clear that compared to the 

quiescent conditions, the critical molecular weight dropped drastically upon applying 

shear rate. Additionally, their findings showed that increasing shear rate did not enhance 

the chain extension, but increased the amount of chains that became oriented. Then a 

structure with a bimodal population of oriented and non-oriented chains was created. 
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(a) (b) 
Fig. 2.12 a) Schematic showing the effect of imposed shear conditions on the shift in the 
location of the critical molecular weight M*. b) Critical orientation molecular weight M* as a 
function of shear rate at 140 °C49. 

Based on the SAXS and TEM analyses, microstructural pictograms for the 

nucleation and growth of the crystals were proposed as depicted in Figure 2.13. Figure 

2.13a reveals the random distribution of molecules in the melt before applying shear 

rate. Figure 2.13b presents the shear induced primary nuclei after subjecting to a step 

shear. As soon as nuclei sites were created, kebabs grew radially perpendicular to the 

flow direction. In addition, it was shown that the long period distance decreased by 

growing the lamellae. In another study59, it was found that upon applying shear, the rate 

of crystallization enhanced by two orders of magnitudes (see Figure 2.14) due to the 

orientation-induced primary nuclei. In fact, the presence of extended chain segments 

initiated primary nuclei, from which, after the cessation of flow, the kebabs formed in 

perpendicular direction. From Figure 2.14 it is obvious that applying a small amount of 
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shear rate enhanced the rate of crystallization significantly while further increases in 

shear rate did not noticeably impact the crystallization kinetics. 

Fig. 2.13 Schematics of the formation of shear-induced primary nuclei and subsequent growth 
of oriented crystals at the surface undergoing maximum orientation in step-shear experiments49. 
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Fig. 2.14 Half time of crystallization of the P-crystals at different shear rates49. 

Seki and coworkers47 showed that adding a small amount (1 wt%) of high molecular 

weight component enhanced the formation of the row-nucleated structure due to an 

increase in nucleating sites. As pointed out previously, when the applied shear stress 

exceeded its critical value, large molecules started to align in the flow direction followed 
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by the perpendicular growth of the lamellae on the nuclei sites. Figure 2.15 presents the 

pictograms of the nature of the shear induced crystallization and the role of the high 

molecular weight species47. Upon applying shear rate, at the initial stages, the large 

molecules orient in the flow direction, leading to a significant enhancement in the nuclei 

sites. 

Fig. 2.15 Pictograms of the nature of the shear induced nucleation and subsequent growth of 
oriented crystalline lamellae47. 

Somani et al. compared the oriented microstructure in isotactic polypropylene 

melts (PP-A and PP-B) with the same number average molecular weight but different 

molecular weight distribution (MWD) under shear flow. The amount of the high 

molecular weight species was larger in PP-B than in PP-A. Both samples were subjected 

to identical shear conditions (shear rate=60 s"1, duration=5 s, r=155 °C). Their results 

shown in Figure 2.16 elucidated that the shish structure formed much earlier for PP-B 

with a more pronounced crystal orientation and a faster crystallization kinetic. They 
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concluded that even a small increase in the concentration of the high molecular weight 

chains led to a significant increase in the shish or nuclei sites formation. 

PP-A 

Plow 
direction 

Fig. 2.16 2D SAXS images of PP-A and PP-B at selected times after shear (shear rate=60 s" , 
duration=5 s, and T=155 °C)46. 

Agarwal et al.48 examined the influence of long chain branches on the stress induced 

crystallization. Long chain branches were introduced via in-situ polymerization of 

polypropylene and a diene monomer using metallocene catalysts. As reported in Table 

2.2, by adding branches, the number average molecular weight remained approximately 

unchanged while the weight average molecular weight increased significantly. Figure 

2.17 exhibits the SAXS patterns obtained after shear for the four selected LCB-iPP 

samples. The patterns clearly show that due to the oriented structures both SAXS 

intensities along the equator and the meridian enhanced with the branching level, 

indicating that oriented structures in the LCB-PP polymers was significantly larger than 
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in the linear i-PP polymer. They used the Avrami model to obtain quantitative 

information regarding crystal growth geometry. The Avrami equation is expressed as: 

l-XT=e~* (2A) 

ln[-ln(l-X r)] = ln(fc) + nln(0 ( 2 5 ) 

where Xr is the relative crystallinity, k and n are the two Avrami parameters, and t is the 

time. The exponent n depends on the nucleation type and growth geometry48. In Figure 

2.18, a value of n ~ 3 was obtained for the linear iPP polymer (LCB 01) which was 

indicative of the spherulitic crystal growth in the polymer melt after shear; on the other 

hand, values of n ~ 2.8 and 1.8 were recorded for the branched LCB 05 and LCB 07 

polymers, respectively. A lower value indicated a rod/disklike crystal growth geomet-

ry48-

Table 2.2 Composition, thermal properties, and molecular weight of the LCB-PP polymers48. 

sample 
LCB 01 
LCB 05 
LCB 07 
LCB 13 

diene 
level 

(ppm) 
0 

170 
250 
375 

MB 

51 000 
52 000 
66 000 

112000 

mc 

Mw 

150 000 
203 000 
229 000 
276 000 

slwt 

Mi 
249 000 
460 000 
527 000 
634000 

M r t 

356 000 
845 000 
949 000 

1 1.18 000 

eo 
152,2 
153.9 
154.6 
154.3 

ec) 

112.9 
122.2 
124.4 
125.2 
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Fig. 2.17 Comparison of 2D SAXS patterns of the four LCB-PP polymers 30 min after shear 
(shear rate=60 s"1, ^=0.25 s, 7=140 °C)48. 

In (t), min 

Fig. 2.18 Avrami plot of the crystallization data for LCB 01, 05, 07 polymers at 140 °C after 
shear (shear rate=60 s'\ 4=0.25 s)48. 

From the literature, two major types of crystallization can occur in PE depending on 

the magnitude of stress in flow60: low stress produces twisted kebabs, resulting in off-

axis 110 and meridian 200 diffractions. In contrast, high stress produces flat kebabs 

(planar crystal structure), leading to the appearance of equatorial 110 and 200 

diffractions. When the magnitude of flow is in-between, an intermediate arrangement is 

formed, resulting in off-axis 200 and 110 diffractions. Keum et al. ° used a rheo-XRD 

technique to investigate the nucleation and growth behavior of twisted lamellae kebabs 

V 
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from shear induced shish in HDPE melts. Figure 2.19 shows the WAXD patterns 

collected during crystallization at 134 °C in the sheared HDPE melt (shear rate=70 s"1, 

ts=\2 s). The initial diffraction showed a pair of highly oriented 110 reflections on the 

equator, implying that both the a-axis and b-axis were arranged normal to the flow 

direction. Such a pattern was consistent with the formation of shish, having c-axis 

parallel to shear direction. As crystallization proceeded, the equatorial 2-arc 110 

reflections were broadened (e.g. £=128 s) and then transformed into off-axis 4-arc 

pattern (e.g. thin arrows at r=263 s in Figure 2.19), and also with the appearance of off-

axis 4-arc 200 reflections. The initial azimuthal broadening at the equator and then the 

off-axis splitting of the 110 reflection was due to the evolution of twisting kebabs60. 

According to Keller and Kolnaar ' the amount of shishs or fibrils in row-nucleated 

lamellar structure can control the level of lamellar twisting where a larger number of 

shishs lead to a planar lamellar morphology with a significant orientation of c-axis along 

MD. Recently, Hayashi et al.63 focused on structure formation of an isotactic polystyrene 

(iPS) after applying shear rate below and above the melting temperature (rm=223 °C). 

An oriented structure named string-like was formed in micro scale even above Tm and 

was stable for more than 24 hr. This string-like structure acted as nuclei sites for 

lamellae crystals or kebab, yielding the formation of the shish-kebab structure. Zhang et 

al.64 studied the crystalline morphology of poly (phenylene sulphide) (PPS) isothermally 

crystallized from a melt under shear by polarized optical microscope (POM) equipped 

with a hot stage. The shish-kebab crystal structure was formed at a certain shear rate or 
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for a longer shear time, which was attributed to the aggregation of numerous aligned 

nuclei in the shear direction. In accordance with other researchers, Zhang and 

coworkers64 realized that the crystallization time decreased drastically with shear time, 

indicating that the flow accelerated the formation of crystal nuclei sites. The similar 

observations for shear-induced crystallization of poly (ethylene terephthalate) (PET)65'66 

and poly amide (PA6)67 have also been reported. Here, it should be mentioned that 

besides the molecular weight, molecular weight distribution, and level of long chain 

branching, which their impacts on crystallization were discussed earlier, it is also known 

that isotacticity influences the crystallization kinetics. In Choi and White68, the 

polypropylene resins with higher isotacticity showed significantly higher rate of 

crystallization and crystalline chain-axis orientation than the ones with lower 

isotacticity. 

Although numerous studies have been conducted on the effect of shear flow on the 

crystallization of various resins, very little has been reported on the role of elongational 

flow. This lack of investigations is due to the difficulties to measure the extensional 

material functions. For instance, it is still impossible to reach very large strains and 

deformation rates with the existing elongational rheometers. Due to a stronger flow field 

in elongational flow compared to shear flow, chain extension can be easily achieved in 

the former45. Elongational flow can be created in many devices and geometries including 

two roll mill69'70, four roll mill71'72, converging flow73'74 and cross-slot device45'75. 

Swartjes et al.45 followed stress-induced crystallization in a cross-slit flow cell for an 
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isotactic polypropylene (iPP). The main advantage of the geometry used was the high 

attainable strain at the stagnation point. A highly oriented fibrillar-like structure was 

observed in the flow cell, which survived (did not relax) up to 20 min after the cessation 

of flow 
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Fig. 2.19 Selected 2D WAXD patterns collected upon crystallization at 134 °C after shear (shear 
rate=70 s"1, ?s=12 s)60. 

2.6 Microporous membranes by dry-stretching 

As stated previously, semicrystalline polymers with a stacked lamellar morphology can 

be produced as a result of stress induced crystallization. Microporous membranes from 

stacked lamellae are made after annealing and subsequent stretching in the machine 

direction (MD). The resin characteristics (e.g. molecular weight, molecular weight 

distribution, long chain branching) as well as processing parameters (e.g. extrusion 
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temperature, cooling conditions, line speed, draw ratio) are the key factors for 

controlling the orientation and morphological features of the extruded precursor films. In 

precursors, skin-core differences are not desirable and thus a uniform stacked lamellar 

structure must be present through the cross-section of precursors7. During annealing, 

crystalline perfection and lamellae thickening take place. This requires that chain 

mobility occurs in the crystalline phase (a relaxation) and that the annealing temperature 

to be sufficient to active this relaxation7. The importance of annealing for the formation 

of a microporous structure was first elucidated by Sprague et al.76 and confirmed by 

other researchers77'78. They annealed various semicrystalline films (e.g. PE and PP) 

possessing stacked lamellar structure prior to their drawing. The lamellae revealed an 

increase in the long spacing due to an increase in the lamellae thickness. During cold 

stretching, the pores are nucleated whereas in the subsequent hot stretching they are 

enlarged. From this brief overview, Johnson7 introduced a set of criteria to help in the 

selection of semicrystalline polymers capable of forming microporous membranes via 

crystal lamellae separation. The proposed criteria are fast crystallization kinetics, a 

highly planar lamellar morphology for the extruded film, high orientation of the 

crystalline phase, proper film thickness, and the presence of an a relaxation. For many 

semicrystalline polymers such as high density polyethylene (HDPE), polypropylene 

(PP), poly (4methyl-l-pantene) (PMP), and polyoxymethylene (POM) a stacked lamellar 

morphology and subsequent microporous membranes upon stretching the crystal 
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lamellae have been reported. Below, we briefly review the works carried out in the 

literature regarding fabrication of microporous membranes by lamellae separation. 

2.6.1 HDPE microporous membranes by stretching 

In a dissertation by Yu5, two high density polyethylene (HDPE) blown films of different 

Mw but with similar Mn were prepared under the same conditions. Transmission electron 

microscopy (TEM) images of the film produced from the higher Mw resin showed 

evident crystal shish (threads) whereas the lower Mw film did not show pronounced 

threads, which was also confirmed by WAXD. The effects of process conditions such as 

melt temperature, quench height, air flow rate in air ring, line speed, die gap on the 

crystalline orientation and crystallinity of the HDPE blown films were investigated. 

Depending on the process conditions, precursor films having different lamellar crystal 

structure were formed; low stress (prepared under low air flow rate, low line speed, high 

melt temperature, and high quench height) led to a twisted lamellar structure whereas 

high stress (prepared under high air flow rate, high line speed, low melt temperature, and 

low quench height) resulted in a planar lamellar structure. The produced films were 

annealed at 120 °C and 105 °C without applying tension and under a slight extension 

(3%). A significant increase in orientation of the annealed samples was observed, but the 

annealing time after a certain period had no influence on the orientation. Annealing at 

120 °C resulted in a better orientation than 105 °C and annealing under a slight extension 

was more effective compared to annealing without extension. The annealed samples 
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were 40% and 80% cold stretched at room temperature and then 120% and 180% hot 

stretched at 115 °C. At the same hot stretching level, lowering cold stretching percent 

led to a microporous membrane structure with a larger pore size but lower pore density. 

Inversely, at the same cold stretch percent, increasing hot stretch level resulted in porous 

structure with a larger pore size. Their findings showed that the micropores were first 

developed from the region with a small amount of tie chains. This indicated that the 

distribution of interlamellar tie chains in the extruded films was not uniform. In addition, 

it was found that a minimum orientation, which was Fc=0.45 measured by WAXD, must 

be created in order to produce microporous membranes. However, further increasing the 

orientation of the precursors had no significant influence on the performance of the 

membranes. Yu also suggested that the presence of a relaxation, which is associated 

with the chain mobility in the crystalline phase, is necessary to be able to make 

microporous membranes with a high permeability. For instance, due to the lack of a 

relaxation in isotactic poly (1-butene), formation of porous membranes with a high 

permeability to air was impossible. Kim et al.79 prepared HDPE hollow fiber membranes 

by stretching the melt spun hollow fiber precursors. A drastic effect of annealing on the 

orientation, crystallite size and crystallinity of the precursors were observed. Stretching 

without annealing failed to make a porous structure whereas high porous microporous 

membranes with slit-shaped pores were produced from the annealed films (see Figure 

2.20). They also found that as take-up speed increased, pore sizes were smaller, but the 

number of pores per area (pore density) increased due to the better lamellae separation. 
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Lee et al. studied the influence of hard elastic HDPE precursor films on the 

microporous membrane formation. The highly oriented lamellar crystalline structure and 

the larger number of stretched tie chains contributed to the high modulus of elasticity 

and as a consequence obtaining microporous membranes with a lower Gurley number or 

larger permeability (the Gurley number is an indication of the permeability of the 

membrane and is defined as the time required for 10 mL of air to pass through one inch 

square section of film at a constant pressure of 12.2 inches of H20 based on the ASTM 

D726). 

Fig. 2.20 Inner surface images of polyethylene hollow fiber a) precursor after annealing, b) 
membrane from unannealed precursor, and c) membrane from annealed precursor79. 

2.6.2 PP microporous membranes by stretching 

Sadeghi et al.29'81'82 studied the fabrication of polypropylene (PP) microporous 

membranes in a lab scale cast process. Their efforts focused on developing a lamellar 

crystalline morphology appropriate for the microporous membrane formation through 

the control of processing conditions as well as resin characteristics. For the cast film 

process, a linear relationship between the PP crystalline orientation and draw ratio was 

observed. The films produced under a large draw ratio (DR) and a high cooling air rate 

possessed a large orientation and yielded a better lamellae separation. The analysis of 
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the orientation measurements and SEM images confirmed that a precursor with an 

orientation function, Fc, greater than 0.3 was required to make PP microporous 

membranes by stretching. Moreover, it was shown that molecular weight (Mw) was the 

main resin factor that controlled the PP crystal structure where the resin with a high Mw 

formed a planar crystalline morphology. Sadeghi and coworkers82 also examined the 

effect of the strain rate in the die on the structure and mechanical properties of the films. 

The lamellae became thinner and the tensile properties along MD improved by 

increasing strain rate, which were due to the formation of more shishs at high 

deformation rates. Their findings showed that the neat branched polypropylene could not 

form a stacked lamellar structure upon varying the processing conditions. Although it 

was known that the presence of long chain branches (LCB) increased the number of 

nuclei site, but these LCB significantly prevented the relaxation of molecules to form a 

folded lamellae. This issue was studied in details in our recent publications83'84 presented 

in appendixes. According to Sadeghi et al.37 the efficient annealing time for PP was 10 

min at 140 °C whereas beyond that the structure remained unchanged. Figure 2.21 shows 

the SEM micrographs of the two samples of different Mw after cold stretching step. It is 

clear that the pores size of the cold stretched films obtained from the PP resins with 

distinct Mw did not vary significantly. However, a difference in the lamellae thickness 

was observed. The SEM surface images of the hot stretched samples (not shown) 

revealed more pores with larger size than pores formed after cold stretching. 
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Fig. 2.21 SEM micrograph of the surface of PP (initial draw ratio of 56.5) samples cold 
stretched to 40% and heated set at 140 °C for 20 min29. 

QC 

Sadeghi et al. compared the structure and properties of the microporous 

membranes obtained from a linear PP and its blend with 2 wt% long chain branched PP 

(LCB-PP). The addition of a small amount of a branched component drastically affected 

the row-nucleated crystalline structure in the precursor. Blending improved the 

orientation of both the crystalline and amorphous phases and led to the formation of 

much more lamellae than the neat linear resin. In Figure 2.22, the surface image of the 

membrane obtained from the blend revealed elongated thin fibrils, more pores with 

somewhat smaller size than the L-PP. The lamellae thickness for the blend was much 

smaller in comparison with that of the L-PP film. The blend membrane showed a 

porosity of 53% whereas it was 41% for the L-PP membrane. These resulted in a 

significant enhancement in water vapor and nitrogen permeabilities for the blend system. 
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Fig. 2.22 SEM micrographs of the surface of microporous membranes. Left PP28 (linear PP) 
and right Blend 2 wt% for initial DR=5685. 

Recently, Wei and Haire1 developed PP microporous membranes with round shaped 

pores by biaxial stretching of a nonporous precursor film. The total machine direction 

stretching was in the range of 50-500% whereas the total transverse direction stretching-

varied in the range of 100-1200%. This technique had the advantage of producing 

membranes with a porosity of 63% and nearly balanced tensile strength in the machine 

and transverse directions. The commercially uniaxial stretched PP membranes have slit 

shaped pores with a porosity of 40% and much higher tensile strength in MD than in TD. 

2.6.3 PMP, POM and PVDF microporous membranes by stretching 

Johnson86"89 studied the formation of microporous membranes from poly (4-methyl-l-

pentene) (PMP) and polyoxymethylene (POM) by stretching of the blown film 

precursors. He examined the impact of the resin molecular weight, processing 

conditions, as well as annealing and stretching variables on the structure and 

performances of the microporous membranes. A lamellar morphology could be obtained 



40 

by controlling the processing conditions, which were a high draw down ratio (DDR) and 

a rapid quenching of the films at the die exit. The high molecular weight resins showed a 

larger crystalline orientation. Their findings showed that the precursor crystalline 

orientation, Fc, had a crucial role on the microporosity and permeability of the final 

films. A higher Fc resulted in a better lamellae separation and consequently a larger 

permeability. The annealing variables such as temperature, time as well as the level of 

applied extension during annealing were investigated. For the POM microporous 

membranes88'89, annealing at 145 °C for 20 min without applying extension, and also for 

the PMP microporous membranes, annealing at 205 °C for 20 min without applying 

extension were the optimum annealing conditions. As the annealing temperature and 

time increased, the crystallinity as well as the long period spacing increased, which was 

explained by the crystalline mobility associated with the a relaxation. The annealed 

samples were then cold and hot stretched to initiate and enlarge the pores, respectively. 

For both the PMP and POM microporous membranes, by increasing the total level of 

extension during cold and hot stretching, the permeability to air increased. The films 

produced using a larger total stretch revealed a larger micropore structure where the 

pores shape was approximately the same. Figures 2.23 and 2.24 display the surface 

morphology of the POM and PMP films, respectively, before and after stretching. It is 

obvious that the POM microporous membranes had pores shape somewhat different than 

that of the polyolefin (PP, HDPE, and PMP) membranes. The lamellae individually 

separated in the POM membranes while the polyolefin membranes tended to possess 
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many bundles between micropores. In addition, the sizes of the pores in the POM 

membranes were not as large as those in the polyolefin stretched films. 
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Fig. 2.23 AFM phase images of POM a) annealed at 145 °C for 20 min and b) 50% cold 
stretched at 70 °C followed by 90% hot stretching at 160 °C87. 

Fig. 2.24 AFM phase images of PMP a) annealed at 205 °C for 20 rnin and b) 180% total (cold 
+ hot) stretching89. 

Xu et al. studied strain induced morphologies of the blown films of five PVDFs of 

different molecular weights. It was noted that as the resin molecular weight increased, 

the structure of the uniaxial films varied from a spherulitic structure to that of an 
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extremely oriented fibrillar structure. They used the Deborah number, which is defined 

as the characteristic relaxation time of a resin divided by the melt process time window, 

as a criterion to explain the various morphologies observed under different conditions. 

The Deborah number less than unity led to a small crystal orientation whereas in the 

range of unity, a distinct rise in crystalline alignment occurred, resulting in a shish-kebab 

lamellar structure. Exceeding a Deborah number of unity yielded a tremendous 

orientation due to a very high concentration of fibrils. Figure 2.25 illustrates the surface 

morphology of the PVDF porous membrane obtained from a medium molecular weight 

resin. Obviously, the pore sizes were much smaller compared to PMP and HDPE 

membranes, possibly because of the polar nature of PVDF molecules, which resulted in 

a lower lamellae separation. Recently, Sadeghi et al. studied the role of PVDF melt 

rheology on the row-nucleated lamellar morphology. A melt strain-hardening behavior 

was seen for the high molecular weight resins and attributed to the chain interactions. 

Their results also elucidated that the PVDF molecular weight had a significant impact on 

obtaining a proper lamellar structure in the precursors. 
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Fig. 2.25 SEM micrograph of PVDF film showing lamellar opening6. 

2.7 Structure and properties of uniaxial and biaxial stretched films 

As pointed out previously, the stretching of a well oriented shish-kebab crystal 

morphology involves the separation of the stacked lamellae, leading to pores formation 

and subsequent microporous membrane generation. However, the drawing of films 

possessing spherulitic crystal structure involves a morphological transformation of the 

spherulites, which will affect their final properties. For the literature, it is well known 

that uniaxial or biaxial drawing of the polymeric films such as polypropylene, polyester, 

polyketone, nylon, and ethyl vinyl alcohol can drastically affect their properties, 

particularly mechanical, impact, barrier, and optical properties ~ . 

The machine direction orientation (MDO) process is widely used for uniaxial 

stretching of polyethylene and polypropylene films. The MDO unit can be operated 

either in-line or off-line with extrusion and is controlled via variables such as: the 
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distance between the draw rollers, draw ratio, drawing speed, drawing times (a film can 

be stretched many times), drawing temperature, and heat-setting conditions90. The 

stretching is usually performed at a high temperature, below the melt temperature of the 

polymer, and results in a highly oriented film that causes anisotropy in properties. The 

drawing process usually improves the strength and barrier properties, but brings some 

drawbacks such as a reduction of the tear resistance along the machine direction (MD) 

and a lowering of elongation at break along the transverse direction (TD)90. For 

example, Schut91 used the MDO process to improve the barrier properties of nylon and 

ethyl vinyl alcohol, but the films were brittle and had low tear resistance in MD. 

The evolution of the crystal structure of biaxial as well as uniaxial drawn films has 

been investigated in the literature " . Nie et al. 7 studied the morphological 

development during biaxial stretching of polypropylene films using atomic force 

microscopy (AFM). According to their results, the biaxial orientation of polypropylene 

involved a morphological transformation of the spherulites into a network of 

microfibrils, which was also confirmed by Diez et al.98. Sadeghi et al.90 studied the 

morphology development during MDO stretching of PP. Their results showed a fibrillar 

crystalline structure at a high draw ratio (DR), such as DR=6. Also, a distinctive 

improvement in the mechanical, clarity, and barrier properties was reported as DR 

increased. Using in-situ small angle X-ray scattering (SAXS) and wide angle X-ray 

diffraction (WAXD), Zuo et al.99 investigated the structure of polypropylene films 

during uniaxial stretching for various temperatures. The rate of crystal alignment during 



45 

deformation at high temperatures was found to be slower than that at low temperature, 

but the final orientation during deformation at high temperatures was higher due to the 

larger applied strain. Sakurai et al.100 investigated the structural deformation behavior of 

polypropylenes with different molecular weight (Mw), molecular weight distribution 

(MWD), and isotacticity (IT) during hot drawing process. Significant effects of Mw, 

MWD, and IT on the mechanical properties, morphology as well as stress distribution in 

the hot stretched samples were observed. 

2.8 Originality of the work 

The literature review showed quite a few studies on the preparation of microporous 

membranes by stretching of precursor films possessing a row-nucleated lamellar 

structure. In fact, in all the previous studies the precursor films were obtained from film 

blowing process except in Sadeghi in which a lab scale cast extrusion was utilized. In 

addition, no study has been conducted on the development of multilayer microporous 

membranes. We used an industrial scale cast film process instead of film blowing 

process, because the former has more flexibility in the supply of air cooling from both 

sides, as well as a better control of the processing parameters and films and/or layers 

thickness, leading to a better control of film crystalline microstructure. Hence, the main 

objective of this dissertation is to develop microporous membranes with high 

performances from monolayer as well as multilayer PP/HDPE cast films by stretching 

involving industrial scale capabilities. We believe that by using polymer blends as well 
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as appropriate process conditions, the pore density, pore size and distribution, porosity, 

and tortuosity of the porous membranes can be better controlled. 

In addition, in the literature, very little has been reported on uniaxial drawing of 

films possessing spherulitic crystal structure. In this study, precursor films with a 

spherulitic structure and coexisting small rows of lamellae and spherulites were 

produced and MDO oriented using an industrial scale production line. A detailed 

investigation of the structure evolution with stretching has been carried out and 

relationships between morphological transformation and barrier, tear, and puncture 

properties are discussed. 

2.9 Objectives 

The main objective of this thesis is to develop microporous membranes with high 

performances from monolayer as well as multilayer PP/HDPE films through cast film 

extrusion followed by uniaxial stretching. A secondary objective is to establish 

relationships between crystalline morphology, processing conditions and barrier and 

mechanical properties of polypropylene films using a machine direction orientation 

(MDO) unit. 
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CHAPTER 3 

METHODOLOGY AND MATERIALS 

3.1 Methodology 

3.1.1 Material characterization 

As stated earlier, the resin characteristics such as molecular weight, molecular weight 

distribution, and level of long chain branching strongly influence the row-nucleated 

lamellar crystallization. Therefore, the oscillatory shear and transient elongational 

Theological tests as well as gel permeation chromatography (GPC) measurements were 

performed to characterize the resins. The linear viscoelastic properties obtained at the 

low deformation rates described the material structure while the data measured at the 

high deformation rate predicted the polymer behavior during the processing. The 

presence and amount of long chain branches were obtained from the extensional 

viscosity data. The GPC measurements were carried out to measure the molecular 

weight and molecular weight distribution of the resins. 

3.1.2 Extrusion parameters for the fabrication of precursor films 

Die temperature, die gap, amount and position of air cooling, chill roll temperature, and 

draw ratio are the major processing parameters that need to be optimized depending on 

the resin as well as number of layers in the film (see Figure 3.1). The effects of each 
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processing variable on orientation, morphology, and mechanical properties of the 

precursors were examined. 

3.1.3 Annealing and stretching conditions 

Annealing removes imperfections in the crystalline phase and increases lamellae 

thickness. The annealing variables investigated included temperature, time, and level of 

extension applied during annealing. The annealed films were then subjected to the 

uniaxially drawing stage consisting of a cold and a hot stretching to initiate and enlarge 

pores, respectively. The amount of extension and stretching speed and temperature were 

the key drawing factors. The influence of these on the final properties was considered 

for obtaining microporous membranes with desired performances. 

3.1.4 Film and membrane characterization 

Thermal analysis: Thermal properties of specimens were analyzed using a TA 

instrument differential scanning calorimeter (DSC) Q 1000. The thermal behavior of 

films was obtained by heating from 50 to 220 °C at a heating rate of 10 °C/min. The 

reported crystallinity results were obtained using a heat of fusion of 209 and 280 J/g for 

fully crystalline PP and HDPE, respectively101102. 

Fourier transform infrared spectroscopy (FTIR): For FTIR measurements, a Nicolet 

Magna 860 FTIR instrument from Thermo Electron Corp. (DTGS detector, resolution 2 

cm-1, accumulation of 128 scans) was used. The beam was polarized by means of a 

Spectra-Tech zinc selenide wire grid polarizer from Thermo Electron Corp. The 
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measurement is based on the absorption of infrared light at certain frequencies 

corresponding to the vibration modes of atomic groups present within the molecule. In 

addition, if a specific vibration is attributed to a specific phase, the orientation within 

that phase can be determined81. If the films are oriented, the absorption of plane-

polarized radiation by a vibration in two orthogonal directions, specifically parallel and 

perpendicular to a reference axis (MD), should be different. The ratio of these two 

absorption values is defined as the dichroic ratio, D : 

£> = — (3.1) 

where A^ is the absorption parallel and A± is the absorption perpendicular to a specific 

reference axis. The Herman orientation function of this vibration is obtained according 

to81: 

F=±± 
D + 2 (3.2) 

For polypropylene, absorption at the wavenumber of 998 cm"1 is attributed to the 

crystalline phase (c-axis) while that at 972 cm"1 is due to the contribution of both 

crystalline and amorphous phases. From the former absorption, the orientation of the 

crystalline phase, Fc, can be determined while from the latter, the average orientation 

function, Favg, is obtained. The orientation of the amorphous phase, Fa, can then be 

calculated according to: 

Fmg=XcFc+(l-Xe)Fa (3.3) 



50 

where Xc is the degree of the crystallinity. 

For polyethylene, absorption at the wavenumber of 730 cm"1 is attributed to the a-

axis of the unit crystal cell while absorption at the wavenumber of 720 cm"1 is due to the 

fr-axis. The similarity of the normal (N) and transverse (T) spectra confirmed that the 

orientation is mostly uniaxial103. In such a case, it is not necessary to use the tilted film 

technique. The orientation function of the a- and b-axes could be obtained from Eq. 3.2 

while that of the c-axis orientation is calculated according to the orthogonality equation: 

Fa+Fb+Fc=0 (3.4) 

X-ray diffraction: XRD measurement was carried out using a Bruker AXS X-ray 

goniometer equipped with a Hi-STAR two-dimensional area detector. The generator was 

set up at 40 kV and 40 mA and the copper CuKoc radiation {X = 1.542 A°) was selected 

using a graphite crystal monochromator. The sample to detector distance was fixed at 

9.2 cm for wide angle diffraction and 28.2 cm for small angle X-ray scattering analysis. 

To get the maximum diffraction intensity several film layers were stacked together to 

obtain the total thickness of about 2 mm. 

Wide angle X-ray diffraction (WAXD) is based on the diffraction of a 

monochromatic X-ray beam by the crystallographic planes (hkl) of the polymer 

crystalline phase. Using a pole figure accessory, the intensity of the diffracted radiation 

for a given hkl plane is measured as the sample is rotated through all possible spherical 

angles with respect to the beam. This gives the probability distribution of the orientation 

of the normal to hkl plane with respect to the directions of the sample. 
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The Herman orientation function Fy of a crystalline axis i with respect to a 

reference axis j is given by : 

(3cos2(j),..-l) 
F . = 

2 (3.5) 

where (^ is the angle between the unit cell axes i (a, b, or c) and the reference axisy. 

The Herman orientation functions were derived from the 110 and 040 pole figures for 

the PP and the 110 and 200 pole figures for the HDPE. The c-axis of the isotactic 

polypropylene unit cell is parallel to the helical axis of the PP molecule in that cell while 

the three crystallographic axes in a monoclinic unit cell are not mutually perpendicular 

(the angle between a and c axis in isotactic PP is 99° 20'), so a modified coordinate 

system is utilized for the calculation of orientation parameters. Since the £>-axis of unit 

cells is perpendicular to its 040 plane, its orientation relative to reference (stretch) 

direction can be measured directly, that is cos2 [3 = cos2 (f^, where (3 is the angle 

between the stretch direction (machine direction) and the £-axis of the crystal, this value 

( c o s 2 ^ ) is measured experimentally and using Herman's equation104, the orientation 

for the b-axis will be determined: 

^b ^040 
3 cos 2 0O4Q-1 

2 (3.6) 

On the other hand Fc (orientation of the c-axis) with respect to MD is determined by the 

combination of data of two planes for the polypropylene which are 040 and 110104: 

cos2())c =l-1.099cos2(|)110-0.901cos2())040 ^ 7^ 
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Substituting this result in Herman's equation, the orientation factor for the c-axis will be 

also obtained. The other orientation factor, (a-axis), can be calculated from the 

orthogonally relation: 

COS2(|)a = l - C O S 2 ( | ) c - C O S 2 ( j ) i / o m 

As stated earlier, since the unit cell of the polypropylene is not orthogonal, the 

orientation factor calculated from the above equation is not really the same as that of the 

a-axis of the unit cells, but can be interpreted as an axis that has a small angle with the 

real a-axis and considered as a replacement for a-axis104. 

For the HDPE, since the a-axis of the unit cells is perpendicular to the 200 plane, its 

orientation relative to the machine direction can be measured directly as follow: 

_3cos2(|)200-l 
1 a L 200 ~ W-yJ 

On the other hand, Fc (orientation of the c-axis) with respect to MD is determined by the 

combination of data of two planes for the HDPE, which are 110 and 200104: 

cos2<|)c=l-1.435cos24)no-0.565cos2(|>200 (3.10) 

The orientation parameter for the fr-axis can be calculated from the orthogonality 

relation: 

cos2§b =l-cos2())a -cos2(|)c (3.11) 

The orientation factors from WAXD are mainly due to the crystalline part, therefore 

no information about the orientation of the amorphous phase can be obtained. Small 



53 

angle X-ray scattering (SAXS) was used to compare the level of the lamellae formation 

for the different samples and to estimate the long period between lamellae. 

Mechanical analysis and puncture resistance: Tensile tests were performed using an 

Instron 5500R machine equipped with an environmental chamber for tests at high 

temperature. The procedure used was based on the D638-02a ASTM standard. Puncture 

tests were performed using a 10 N load cell of the Instron machine used for the tensile 

tests. A needle with 0.5 mm radius was used to pierce the samples. The film was held 

tight in the camping device with a central hole of 11.3 mm. The displacement of the film 

was recorded against the force and the maximum force was reported as the puncture 

strength. 

Morphology: To clearly observe the crystal arrangement of the precursor films, an 

etching method was employed to remove the amorphous part. The films were dissolved 

in a 0.7% solution of potassium permanganate in a mixture of 35 vol% of 

orthophosphoric and 65 vol% of sulphuric acid. The potassium permanganate was 

slowly added to the sulphuric acid under rapid agitation. At the end of the reaction time, 

the samples were washed as described in Olley and Bassett105. 

A field emission scanning electron microscope (FE-SEM- Hitachi S4700) was employed 

for the observation of the etched precursor films and microporous membranes surfaces 

as well as cross-sections. This microscope provides high resolution of 2.5 nm at a low 

accelerating voltage of 1 kV and high resolution of 1.5 nm at 15 kV with magnification 

from 20x to 500kx. 
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Water vapor transmission: The permeability to water vapor was measured via a 

MOCON PERMATRAN-W Model 101K at room temperature. It is composed of three 

chambers: an upper chamber containing liquid water and separated from the center 

chamber by two porous films. Water vapor diffuses from the first film to fill the space 

between the films to reach 100% relative humidity (RH). The center chamber is 

separated from the lower one by the test film. The diffused vapor is swept away by N2 

gas to a relative humidity (RH) sensor. 

BET measurement: To obtain the surface area of the membranes, a Micromeritics, 

BET Tristar 3000 was used. A nitrogen and helium gas mixture was continuously fed 

through the sample cell, which was kept at liquid nitrogen temperature. At different 

pressures, the total volume of nitrogen gas adsorbed on the surface was measured. The 

volume of gas needed to create an adsorbed monomolecular layer was calculated as 

follows106: 

1 +^4 (3-12) 
r\V<X~)] v-c v™cP 

where P is the experimental pressure, P° is the saturation pressure, V is the volume of 

the adsorbate, Vm is the volume of gas required to form an absorbed monomolecular 

layer, and c is a constant. The procedure for estimating the surface area from Eq. 3.12 

can be found elsewhere107. 

Oxygen transmission: Oxygen transmission rates (OTR) were determined using a 

modification of the ASTM Standard Method D 3985-81 with an Ox-Tran Model 2/21 
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apparatus (Mocon Inc., Minneapolis, MN) at 25°C. In this paper, all OTR values 

presented have been normalized (multiplied) by the films thickness. Two films of each 

specimen were tested and the average value is reported. 

Dynamic mechanical thermal analysis (DMTA): Dynamic thermomechanical 

properties of different samples were characterized using a dynamic mechanical thermal 

analyzer (DMTA) 2980 from TA Instruments, inside an environmental test chamber 

(ETC). Specimens cut parallel to the drawing direction were subjected to a dynamic 

tensile deformation mode. The temperature ranged from -60 °C to 120 °C at a rate of 2 

°C/min and a frequency of 1 Hz was applied to the rectangular samples. To generate low 

temperatures and to control temperature during heating, liquid nitrogen was used. The p 

transition was determined from the peak magnitude of the tan 8 curves. 

3.2 Materials 

In this study, four commercial linear polypropylenes (PF6523, PP4712, PP5341, 

PF6823), a commercial long chain branched polypropylene (PF814), and a commercial 

high density polyethylene (HDPE 19A) were selected. PP4712 and PP5341 were 

supplied by ExxonMobil and had melt flow rate (MFR) values of 2.8 and 0.8 g/lOmin 

(under ASTM conditions of 230 °C and 2.16 kg), respectively. PF6512, PF6823, and 

PF814 were provided by Basell and had a MFR of 4.0, 0.8, and 2.5 g/lOmin, 

respectively. HDPE 19A was supplied by NOVA Chemical and had a MFR value of 0.8 

g/lOmin (under ASTM conditions of 190 °C and 2.16 kg). The main characteristics of 
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the resins are shown in Table 1. The molecular weight (Mw) of the L-PPs were evaluated 

from the relation between the zero-shear viscosity and the molecular weight108. The 

polydispersity index (PDI) of the PPs were measured using a GPC (Viscotek model 350) 

at 140 °C and 1,2,4-Trichlorobenzene (TCB) as a solvent. Mw and PDI of HDPE 19A 

were supplied by the company. The zero-shear viscosities were reported from the 

dynamic rheological measurements at 190 °C. The melting point, Tm, and the 

crystallization temperature, Tc, of the resins were obtained from differential scanning 

calorimetry at a rate of 10 °C/min. 

Table 3.1 Main characteristics of the neat polymers. 

Resin code 

Pro-fax 6523 

PP4712 

PP5341E1 

Pro-fax 6823 

Pro-fax 814 

HDPE 19A 

Company 

Basell 

ExxonMobil 

ExxonMobil 

Basell 

Basell 

Nova Chemicals 

MFR 

(g/lOmin) 

4.0 

2.8 

0.8 

0.4 

2.5 

0.8" 

Tlo 

(kPa.s) 

9.8 

12.5 

43.6 

58.3 

18.6 

30.1 

Mw 

(kg/mol) 

501 

543 

772 

812 

N/A 

126*** 

MJMn 

2.8 

8.5 

2.7 

4.3 

2.3 

7.8*** 

Tm (°C) 

159.8 

160.0 

160.0 

159.6 

158.4 

129.0 

Tc (°C) 

119.2 

115.0 

117.3 

116.9 

128.4 

118.0 

Zero-shear viscosity values obtained from the Carreau-Yasuda model, 7=190 °C. 
** For this resin, MFR was obtained under ASTM conditions of 190 °C and 2.16 kg. 

Molecular weight and polydispersity index of this resin were supplied by the company. 

3.3 Processing 

Two cast film processes were used to produce the precursor films. (1) A lab scale cast 

film extrusion available in IMI (Industrial Material Institute, Boucherville-QC). In this 

unit, a twin screw extruder with L/D=32 and equipped with a slit die of 1.9 mm opening 
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and 200 mm width was employed. An air knife was mounted on the die to supply air to 

the film surface right at the exit of the die. The die temperature was set at 220 °C and the 

films were produced under draw ratios ranging from 60 to 90. (2) An industrial 

multilayer cast film unit from Davis Standard Company (Pawcatuck, CT) equipped with 

a 2.8 mm opening and 122 cm width slit die and two cooling drums was also used. The 

extrusion was carried out at 220 °C and the distance between the die exit to the nip roll 

was 15 cm. The die temperature was set at 220 °C and draw ratios of 60, 75, and 90 were 

applied. An air knife with dimensions of 3 mm opening and 130 cm width was mounted 

close to the die to provide air to the film surface right at the exit of the die. The variables 

of interest were chill roll temperature, amount of air flow, and draw ratio. Figure 3.1 

illustrates schematically the industrial scale multilayer cast film unit used for the 

fabrication of the precursor films. An appropriate selection of processing parameters 

leads to a precursor film with a proper lamellar structure (see the sketches in the red 

boxes in Figure 3.1). 

For membrane fabrication, the precursor films with a thickness, width and length of 

35 urn, 46 mm, and 64 mm, respectively, were used. The films were first annealed then 

cold and hot stretched. Both annealing and stretching were performed in an Instron 

machine equipped with an environmental chamber. Annealing, cold and hot stretching 

temperatures varied depending on the resin. The details for the fabrication of the 

microporous membranes can be found in Chapters 5-7. 
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Fig. 3.1 Illustration of the section just after die exit and chill rolls of the industrial scale cast unit 
for the fabrication of precursor films. 
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CHAPTER 4 

ORGANIZATION OF ARTICLES 

In Chapter 5, the influence of high molecular weight chains on the PP row-nucleated 

lamellar crystallization was investigated using WAXD, SAXS, FTIR, and mechanical 

measurements. It is shown that by using polymer blends, the pore density, pore size and 

distribution, porosity, and tortuosity of the porous membranes could be better controlled. 

Chapter 6 discusses in details the effects of processing parameters such as air cooling 

conditions, chill roll temperature, and draw ratio on the crystalline orientation, 

morphology, and mechanical properties of the industrial scale cast films and formation 

of microporous membranes. Morphological pictograms are proposed to represent the 

microstructure of the films obtained without and upon applying air cooling for different 

cast roll temperatures. Also the results on microporous membranes are presented to 

elucidate the effect of the PP cast film microstructure on the morphology and 

permeability of membranes. Chapter 7 presents the results on the fabrication of the 

trilayer PP/HDPE/PP microporous membranes through cast extrusion followed by 

stretching. The role of processing variables and annealing on the shear and/or 

elongation-induced crystallization and orientation developed in the single layer as well 

as the components in the multilayer films are examined and discussed. In Chapter 8, a 

detailed investigation of the structure evolution of the precursors having spherulitic 

structure and coexisting rows of lamellae and spherulites with uniaxial (MDO) 
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stretching are carried out. The relationships between morphological transformation and 

oxygen transmission, tear, and puncture properties are discussed. In Chapter 9 (general 

discussion), a full review regarding the most important factors affecting the microporous 

membranes fabrication and MDO stretching is presented. Chapter 10 summarizes the 

most important conclusions of this thesis and gives recommendations for the future 

work. 

In addition to the membrane fabrication by stretching, comprehensive investigations 

were conducted on the rheological and thermal properties of blends of different linear 

polypropylenes (L-PP) and a long chain branched polypropylene (LCB-PP) and are 

presented in Appendixes A and B. Although the last part of this thesis deviates from the 

microporous membrane study, but it provides valuable information concerning the resin 

characteristics, particularly the effect of molecular weight and long chain branching on 

the rheological and thermal properties, which could be helpful for further progresses on 

membrane development. Appendix A elucidates the impact of the addition of a branched 

PP to a linear PP on the rheological properties of PP, including transient and 'steady' 

extensional behavior over a wide range of deformation rates. In Appendix B, the role of 

molecular weight of linear polypropylene on the rheological behavior of blends of a 

linear polypropylene and a long-chain branched polypropylene is considered. In 

addition, the influence of adding LCB-PP on the thermal properties, crystallization, and 

solid state behavior of the blends is explored. 
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CHAPTER 5 

Microporous Membranes Obtained from Polypropylene Blend 

Films by Stretching1 

Seyed H. Tabatabaei, Pierre J. Carreau, and Abdellah Ajji 

CREPEC, Chemical Engineering Department, Ecole Polytechnique, C.P. 6079, Succ. 
Centre ville Montreal, QC, H3C 3A7 Canada 

Abstract 

Blends of two linear polypropylenes (PP, having different molecular weights) were 

prepared to develop microporous membranes through melt extrusion followed by 

stretching. The role of high molecular weight chains on the row-nucleated lamellar 

crystallization was investigated. The orientation of crystalline and amorphous phases 

was measured by wide angle X-ray diffraction (WAXD) and Fourier transform infrared 

(FTIR). Long period spacing was obtained using small angle X-ray scattering (SAXS). 

The effects of annealing temperature and applied elongation during annealing on the 

crystallinity of the films were studied using differential scanning calorimetry (DSC). It 

was found that annealing at 140 °C contributed significantly to the perfection of the 

crystalline phase. Scanning electron microscopy (SEM) images of the membrane surface 

1 Journal of Membrane Science (2008) 325, 772-782. 
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showed more pore density and uniform pore size as the amount of high molecular 

weight component increased. The addition of the high Mw PP improved the water vapor 

transmission rate (WVTR) of the membranes, indicating increased interconnectivity of 

the pores, which was also confirmed from cross-section SEM micrographs of the 

membranes. The surface area and pore dimensions of the microporous membranes were 

measured using the BET nitrogen absorption technique and mercury porosimetry, 

respectively. The influences of temperature and amount of stretching during cold and hot 

stretching on WVTR were also explored. Tensile properties in the machine and 

transverse directions (MD and TD, respectively) as well as puncture resistance in the 

normal direction (ND) were evaluated. As the high Mw PP was added, a slight reduction 

in the mechanical properties along MD and TD and no changes in ND were observed. 

5.1 Introduction 

Microporous membranes are commonly used in separation processes such as battery 

separators and medical applications to control the permeation rate of chemical 

components. Due to the wide range of chemical structures, optimum physical properties, 

and low cost of polymers and polymer blends, these materials are known as the best 

candidates for the fabrication of microporous membranes. 

The two main techniques to develop polymeric membranes are: solution casting and 

extrusion followed by stretching. High cost and solvent contamination are the main 

drawbacks of the solution technique. Techniques to make porous membranes from 
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polymers without using any solvent were developed in the seventies of the last century 

for some applications, but most of the information on these processes remains 

proprietary to the companies' and are not available to the scientific community. One of 

the techniques is based on the stretching of a polymer film containing a row-nucleated 

lamellar structure [1]. Then, three consecutive stages are carried out to obtain porous 

membranes: (1) creating a precursor film having a row-nucleated lamellar structure by 

mechanism of shear and elongation-induced crystallization, (2) annealing the precursor 

film at temperatures near the melting point of the resin to remove imperfections in the 

crystalline phase and to increase lamellae thickness, and (3) stretching at low and high 

temperatures to create and enlarge pores, respectively [1, 2]. In fact, in this process the 

material variables as well as the applied processing conditions are key parameters that 

control the structure and the final properties of the fabricated microporous membranes 

[1]. The material variables include molecular weight, molecular weight distribution, and 

chain structure of the polymer. These factors mainly influence the row-nucleated 

structure in the precursor films at the first step of the formation of microporous 

membranes. 

Among a wide range of resins, polypropylene (PP) is a well-known semicrystalline 

polymer and, in comparison with polyethylene, has higher melting point, lower density, 

higher chemical resistance, and better mechanical properties, which make it useful for 

many industrial applications. 
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Using in situ small angle X-ray scattering (SAXS) and/or wide angle X-ray 

diffraction (WAXD) analyses, the effects of the material parameters on the shear 

induced crystallization process for PP has been investigated [3-6]. Agarwal et al. [3] 

examined the influence of long chain branches on the stress-induced crystallization. 

Adding a certain level of branches improved the orientation of the crystal blocks and the 

crystallization kinetics, due to the longer relaxation time and molecular structure. 

Somani et al. [4] followed the orientation development upon applying different shear 

rates. They found that at a certain shear rate only molecules with a chain length 

(molecular weight) above a critical value (critical orientation molecular weight, Mc,) can 

form stable oriented row nuclei while the rest create lamellae over these nuclei sites. In 

addition, it was shown that Mc drops as the imposed shear rate increased. In another 

study, Somani et al. [5] compared the oriented microstructure in isotactic polypropylene 

melts (PP-A and PP-B) with the same number average molecular weight but different 

molecular weight distribution (MWD) under shear flow. The amount of the high 

molecular weight species was larger in PP-B than in PP-A. Their results showed that the 

shish structure evolved much earlier for PP-B with a more pronounced crystal 

orientation and a faster crystallization kinetic. They concluded that even a small increase 

in the concentration of the high molecular weight chains led to a significant increase in 

the shish or nuclei site formation. Seki et al. [6] found that adding a small amount of 

high molecular weight component enhances the formation of the row-nucleated structure 

due to an increase in nucleating sites. 



65 

A few studies have investigated the fabrication of porous membranes by stretching 

of lamellar morphology using polypropylene [7-9]. Sadeghi et al. [7, 8] considered the 

influence of molecular weight on orientation of the row-nucleated lamellar structure. 

They found that molecular weight was the main material parameter that controlled the 

orientation of the crystalline phase. It was demonstrated that the resin with high 

molecular weight developed larger orientation and thicker lamellae than the resin with 

low molecular weight. Sadeghi et al. [9] realized that an initial orientation was required 

in order to obtain a lamellar structure. The crystalline orientation in the precursor film 

depended on the molecular weight of the resin and the type of process (i.e. cast film or 

film blowing). It was shown that the cast film process was more efficient than film 

blowing for producing precursor films with the appropriate crystalline orientation. 

Although quite a few authors have investigated the formation of porous membranes 

from various resins, information is still lacking on the control of morphology and 

performances of membranes. We believe that by using polymer blends, the pore density, 

pore size and distribution, porosity, and tortuosity of the porous membranes can be 

better controlled. In Sadeghi et al. [10] a superior permeability was obtained by adding a 

small amount of a long-chain branched polypropylene (LCB-PP) to a linear 

polypropylene (L-PP). In this study, following Sadeghi et al. [10] we investigate the role 

of adding high molecular weight chains of linear PP to a low molecular weight linear PP 

on the structure and performances of microporous membranes. 
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Sadeghi et al. [8] examined the role of draw ratio and annealing on the orientation 

of crystalline and amorphous phases. They also compared the cold and hot stretching 

behavior of PP films obtained from resins with distinct Mw. However, no work has been 

published regarding the effects of annealing and stretching on the performance of porous 

PP membranes. In this work a detailed structural and morphological characterization of 

the membranes is performed. In addition, the influence of temperature and applied 

extension during annealing and stretching steps are examined. 

5.2 Experimental 

5.2.1 Materials 

Two commercial linear polypropylenes (PP28, PP08) were selected. Both PPs were 

supplied by ExxonMobil Company and had MFR values of 2.8 g/lOmin (under ASTM 

conditions of 230 °C and 2.16 kg) and 0.8 g/lOmin, respectively. The main 

characteristics of the resins are shown in Table 5.1. The molecular weight of the linear 

PPs was evaluated using the relation between the zero-shear viscosity and the molecular 

weight [11]. The melting point, Tm, and the crystallization temperature, Tc, of the resins 

were obtained using differential scanning calorimetry. For the rheological 

characterization, blends containing 2, 5, 10, 30, 50, and 70 wt% PP08 were prepared 

using a twin screw extruder (Leistritz Model ZSE 18HP co-rotating twin screw extruder) 

followed by water cooling and pelletizing. The temperature profile along the barrel was 

set at 160/180/190/200/200/200/200 °C. The extrusion was carried out at 80 rpm. During 
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blending, 3000 ppm of a stabilizer, Irganox B225, was added to avoid thermal 

degradation of the polymers. To make sure that all samples have the same thermal and 

mechanical history, unblended components were extruded under the same conditions. 

Table 5.1. Main characteristics of neat polymers. 

Resin code 

PP4712 

PP5341 

Company 

ExxonMobil 

ExxonMobil 

MFR 

230 °C/2.16 kg 

2.8 

0.8 

Nomenclature 

PP28 

PP08 

1o 

(Pa.s) 

12500 

41600 

(kg/mol) 

543 

772 

Tm (°C) 

160 

160 

Tc (°C) 

115 

117 

5.2.2 Rheological characterization 

Dynamic rheological measurements were carried out using a Rheometric Scientific 

SR5000 stress controlled rheometer with a parallel plate geometry of 25 mm diameter 

and a gap equal to 1.5 mm at the temperature of 190 °C under nitrogen atmosphere. 

Molded discs of 2 mm thick and 25 mm in diameter were prepared using a hydraulic 

press at 190 °C. Time sweep test was first performed at a frequency of 0.628 rad/s for 

two hours. Material functions such as complex viscosity, elastic modulus, and weighted 

relaxation spectrum in the linear viscoelastic regime were determined in the frequency 

range from 0.01 to 500 rad/s. In order to obtain more accurate data, the frequency sweep 

test was carried out in four sequences while the amount of applied stress in each 

sequence was determined by a stress sweep test. 
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5.2.3 Film and membrane preparation 

The precursor films from PP28 and blends containing 2, 5, 10, and 20 wt% PP08 were 

prepared by extrusion using a slit die of 1.9 mm thick and 200 mm width. An air knife 

was mounted on the die to supply air to the film surface right at the exit of the die. The 

main parameters were die temperature, cooling rate, and draw ratio (ratio of the roll 

speed to the die exit velocity) [7]. In this study the die temperature was set at 220 °C and 

the maximum speed of the fan was applied, thus the only variable was the draw ratio. 

The film samples were prepared under draw ratios of 70, 80, and 90. 

For membrane preparation, precursor films having a thickness, width and length of 

35 urn, 46 mm and 64 mm, respectively, were used. Both annealing and stretching were 

performed using an Instron machine equipped with an environmental chamber. A 

drawing speed of 50 mm/min was applied during the cold and hot stretching steps. 

5.2.4 Film and membrane characterization 

Fourier transform infrared spectroscopy (FTIR): For FTIR measurements, a Nicolet 

Magna 860 FTIR instrument from Thermo Electron Corp. (DTGS detector, resolution 4 

cm-1, accumulation of 128 scans) was used. The measurement is based on the absorption 

of infrared light at certain frequencies corresponding to the vibration modes of atomic 

groups present within the molecule. In addition, if a specific vibration is attributed to a 

specific phase, the orientation within that phase can be determined [8]. If the films are 

oriented, the absorption of plane-polarized radiation by a vibration in two orthogonal 
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directions, specifically parallel and perpendicular to a reference axis (MD), should be 

unequal. The ratio of these two absorption values is defined as the dichroic ratio, D [12]: 

where ^ is the absorption parallel and A± is the absorption perpendicular to a specific 

reference axis. The Herman orientation function of this vibration is obtained according 

to [12]: 

D+2 (5.2) 

For polypropylenes, absorption at the wavelength of 998 cm"1 is attributed to the 

crystalline phase (c-axis) while absorption at the wavelength of 972 cm"1 is due to the 

contribution of both crystalline and amorphous phases. From the former absorption, the 

orientation of the crystalline phase, fc, can be determined while from the latter, the 

average orientation function, fav, is obtained. The orientation of the amorphous phase, 

fam, can be calculated according to: 

fav-XJc+(l-Xc)fam (5.3) 

where Xc is the degree of the crystallinity. Using FTIR, the global, crystalline and 

amorphous orientations can be determined. 

X-ray diffraction: XRD measurement was carried out using a Bruker AXS X-ray 

goniometer equipped with a Hi-STAR two-dimensional area detector. The generator was 

set up at 40 kV and 40 mA and the copper Cu Koc radiation (1=1.542 A°) was selected 
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using a graphite crystal monochromator. The sample to detector distance was fixed at 

9.2 cm for wide angle diffraction and 28.2 cm for small angle x-ray scattering analysis. 

To get the maximum diffraction intensity several film layers were stacked together to 

obtain the total thickness of about 2 mm. 

Wide angle X-ray diffraction (WAXD) is based on the diffraction of a 

monochromatic X-ray beam by the crystallographic planes (hkl) of the polymer 

crystalline phase. Using a pole figure accessory, the intensity of the diffracted radiation 

for a given hkl plane is measured as the sample is rotated through all possible spherical 

angles with respect to the beam. This gives the probability distribution of the orientation 

of the normal to hkl plane with respect to the directions of the sample. 

The Herman orientation function is given by [7]: 

(3cos2<\>-\) 
2 (5.4) 

where ty is the angle between the unit cell axes (a, b, and c) and reference axes. Details 

about the calculations can be found elsewhere [7]. 

The orientation factors from WAXD are mainly due to the crystalline part, therefore 

no information about the orientation of the amorphous phase can be obtained. Small 

angle X-ray scattering (SAXS) was utilized to estimate the long period distance between 

the lamellae. 
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Thermal analysis: Thermal properties of specimens were analyzed using a TA 

instrument differential scanning calorimeter (DSC) Q 1000. Samples were heated from 

50 to 220 °C at a heating rate of 10 °C/ min. 

BET measurement: To obtain the surface area and pore diameter of the membranes, a 

flowsorb Quantachrome instrument BET ASI-MP-9 was used. A nitrogen and helium 

gas mixture was continuously fed through the sample cell, which was kept at liquid 

nitrogen temperature. At different pressures, the total volume of nitrogen gas adsorbed 

on the surface was measured. The volume of gas needed to create an adsorbed 

monomolecular layer was calculated as follows [13]: 

P 1 c - 1 P 
+ — (5-5) 

p-[v(l-—)] v - c V™CP 

where P is the experimental pressure, P° is the saturation pressure, v is the volume of the 

adsorbate, vm is the volume of gas required to form an absorbed monomolecular layer, 

and c is a constant. The procedure for estimating the surface area from Eq. 5.5 can be 

found elsewhere [14]. 

Mercury porosimetry: The average pore size, pore size distribution, and porosity of the 

membranes were also evaluated using a mercury porosimeter (PoreMaster PM33). After 

evacuation of the cell, it is filled by mercury and then pressure is applied to force 

mercury into the porous sample. The amount of intruded mercury is related to the pore 

size and porosity. 
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Water vapor transmission: The permeability to water vapor was measured via a 

MOCON PERMATRAN-W Model 101K at room temperature. It is composed of three 

chambers: an upper chamber containing the liquid water and separated from the center 

chamber by two porous films. Water vapor diffuses from the first film to fill the space 

between the films to reach 100% relative humidity (RH). The center chamber is 

separated from the lower one by the test film. The diffused vapor is swept away by N2 

gas to a RH sensor. 

Mechanical analysis: Tensile tests were performed using an Instron 5500R machine 

equipped with a chamber for running tests at high temperature. The procedure used was 

based on the D638-02a ASTM standard. 

Puncture resistance: Puncture tests were performed using a 10 N load cell of the 

Instron machine used for the tensile tests. A needle with 0.5 mm radius was used to 

pierce the samples. The film was held tight in the camping device with a central hole of 

11.3 mm. The displacement of the film was recorded against the force (Newton) and the 

maximum force was reported as the puncture strength. 

5.3 Results and discussion 

5.3.1 Rheological characterization 

The complex shear viscosities as a function of frequency for the neat PPs as well as for 

the blends are shown in Figure 5.1. The behavior is typical of linear polymer melts and 

the complex viscosity of the blends follows the log additivity rule as expected for 
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miscible components. This is shown in Figure 5.2 where the complex shear viscosities at 

different frequencies are plotted as a function of PP08 content. The logarithmic 

additivity rule is expressed as [15]: 

log rf (co) = (!>„ logCn* (co))! + (1 - 0p) logd* (co))2 (5.6) 

where (|)p is the PP08 content. Adding a high molecular weight component (PP08) causes 

monotonic increases of the complex shear viscosity, which is due to the presence of the 

larger molecules of PP08. Good agreement with the logarithmic mixing rule can be 

observed for all samples, suggesting miscibility of both PP components. 
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Fig. 5.1 Complex viscosity as a function of angular frequency; T=190 °C. 
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Fig. 5.2 Complex viscosity at different angular frequencies as a function of PP08 content; 
7=190 °C. 

In order to quantitatively analyze the role of adding large chains on the melt 

relaxation of the blends, the weighted relaxation spectra evaluated from dynamic moduli 

(C, G", w) using the NLREG (non-linear regularization) software [16] are plotted in 

Figure 5.3 (the vertical dash lines represent the range of frequencies covered during the 

experiments). The addition of PP08 increases the number of entanglements, which 

retards the motion of the chains along their backbone, hence, the maximum in the curves 

is shifted to longer times and the spectrum shape becomes broader. Note that for the 

blends, the positions of the peaks are intermediate to those for the neat components 

suggesting again miscibility. The area under the curves is related to the zero shear 

viscosity and, as expected, increases with molecular weight. 
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Fig. 5.3 Weighted relaxation spectra for the neat PPs as well as for all the blends; T=\90 °C (the 
vertical dash lines represent the range of frequencies covered during the experiments). 

The main mechanism of shear and/or elongation-induced crystallization is the 

propagation of the lamellae based on the fibrils or nuclei sites [7, 8]. As fibrils are 

mostly created from the long chains [4-6] and long chains have larger relaxation time 

(Figure 5.3), therefore, adding a high molecular weight component favors the 

preparation of precursor films with an adequate level of crystalline lamellae. 

The relaxation behavior can also be shown in Cole-Cole plots, which are plot of r|" 

versus rf as illustrated in Figure 5.4. The semicircular shape of the Cole-Cole for the 

blends is another evidence of miscibility [17, 18]. 
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Fig. 5.4 Cole-Cole plots for the neat PPs as well as for all the blends; T=190 °C. 

5.3.2 Film and membrane characterization 

Draw ratios of 70, 80, and 90 were applied to the extruded films to investigate the role of 

the extension ratio on the orientation of the precursor films, as illustrated in Figure 5.5. 

It is obvious that for all the blends, as the draw ratio increases, the orientation function 

for the crystalline phase obtained from FTIR increases. At the low draw ratios, the 

lamellae are not well aligned perpendicular to the flow direction, but as draw ratio 

increases the lamellae align themselves perpendicular to the machine direction. In 

addition, it should be noted that the blend precursor films exhibit larger crystalline 

orientation values than the neat PP precursor. These results are in agreement with the 

findings of Sadeghi et al. [7] for polypropylene (PP) and Johnson and Wilkes [19] for 
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polyoxymethylene (POM), which showed that the orientation of the crystalline phase of 

precursor films increases as the molecular weight of the resins increases. 
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Fig. 5.5 Crystalline orientation function (obtained from FTIR) as a function of draw ratio for 
precursor films. 

To determine the optimum annealing conditions that will lead to the largest amount 

of crystallinity, annealing at 140 °C without extension, at 140 °C under 5% extension, 

and at 120 °C without extension was carried out and the measured crystallinity values 

are plotted in Figure 5.6. It is found that annealing at 140 °C in the absence of strain 

results into the largest crystallinity content. Large reduction in crystallinity was seen 

when the samples were annealed under 5% extension with respect to the initial length. 

This reduction was more pronounced for the blends with a high level of PP08 (i.e. 10 

wt% PP08 and 20 wt% PP08). Johnson and Wilkes [20] examined the lamellar structure 

of polyoxymethylene (POM) annealed films under different levels of extension. Their 



experiments showed lamellar deformation for POM films annealed under tension levels 

larger than 3%. As a consequence, their POM microporous membranes annealed under 

no tension resulted in highly microporous films upon stretching. As will be shown later, 

10 wt% PP08 blend contains more and smaller lamellae than the neat resin and blends of 

2 and 5 wt% PP08. Therefore, more lamellae deformation for this blend during 

annealing under extension is expected, which explains the significant variation of 

crystallinity compared to the sample annealed without extension. Due to the larger 

number of nucleating sites for the samples having long chains, the enhancement of the 

crystallinity is apparent as the amount of PP08 increases. 
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Fig. 5.6 Crystallinity of films at various annealing conditions, (a) annealing at 140 °C, (b) 
annealing at 140 °C under 5% extension, and (c) annealing at 120 °C. Annealing was performed 
for 30 min; DR=70, cold stretching of 35% followed by hot stretching of 55%. 
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Figure 5.7 presents the Herman orientation function of the crystalline phase as well 

as of the amorphous phase for the precursor and annealed films for all the blends. It is 

obvious that adding up to 10 wt% PP08 enhances the orientation of the both crystalline 

and amorphous phases. In addition, in comparison with the non-annealed films, 

significant improvement of the orientation is observed for the annealed specimens in the 

entire range of compositions. As annealing is performed at a temperature that is close to 

the onset of mobility in the crystalline structure (Ta), it is postulated that during 

annealing, the lamellae twist and orient perpendicular to the machine direction. Also, 

melting of small lamellae and their recrystallization with better orientation can occur [8]. 

The improvement of the orientation of the amorphous phase may be due to a slight 

movement of the molecules in the amorphous phase and formation of some organized 

regions. It has been reported that a slight tension during annealing enhances orientation 

[21], but in our case no dramatic improvement was observed. 
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Fig. 5.7 Crystalline and amorphous orientation parameters as a function of PP08 content. 
Annealing was performed at 140 °C for 30 min; DR=70. 

The effects of annealing and stretching on crystallinity were examined using 

differential scanning calorimetry (DSC) and the results are shown in Figure 5.8. Due to 

chain rearrangements at temperatures close to the melting point of the samples, 

annealing improves the crystalline content for all the blends. A slight change in 

crystallinity was detected after stretching. In the melting curves (not presented here), a 

small peak close to the annealing temperature was observed for the annealed samples, 

which is attributed to the bimodal lamellae thickness distribution. This was also 

observed by other authors [8, 22]. The effect of annealing on crystallization and 

orientation of the crystalline phase was also considered using WAXD, as shown in 

Figures 5.9a-c. The arcs are sharper and more concentrated in the center for annealed 

samples, suggesting more orientation. The orientation features as cos (())) of the 
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crystalline axes (i.e. a, b, and c (see Figure 5.15)) along MD, TD, and ND obtained from 

the Herman orientation function for the precursor, annealed, and stretched films are 

plotted in the triangular graph of Figure 5.9d. It is obvious that annealing causes 

movement of the c-axis of the crystals towards MD, while the a- and fe-axes take a 

position closer to the TD-ND plane. This obviously shows that annealing improves the 

orientation of the films, in accordance with the FTIR data. Clearly stretching does not 

dramatically influence the orientation of the unit cell. During the stretching step, only 

lamellae separation is expected to occur and no changes in the crystalline blocks take 

place. The 20 diffraction intensity graph of the samples is shown in Figure 5.9e. After 

deconvolution of the peaks and from the area under the curves, the crystallinity of the 

samples was calculated and similarly to the DSC results it was found that annealing 

improves crystallinity dramatically. However, the crystallinity obtained from WAXD 

was slightly larger than that obtained using DSC. 
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Fig. 5.8 Crystallinity of precursor films, annealed films, and membranes as a function of PP08 
content. Annealing was carried out at 140 °C for 30 min; DR=70, cold stretching of 35% 
followed by hot stretching of 55%. 
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(a) (b) (c> 

(d) (e) 
Fig. 5.9 WAXD patterns of 10 wt% PP08 blend for (a) precursor film, (b) annealed sample, (c) 
membrane, (d) orientation features as cos2 (())) of the crystals along MD, TD, and ND, and (e) 
diffraction spectrum with integration through the circles. Annealing was performed at 140 °C for 
30 min; DR=70, cold stretching of 35% followed by hot stretching of 55%. 

SAXS measurements were performed to examine the role of annealing and 

stretching on the lamellae spacing. The long period distance, Lp, was estimated from the 

position of the intensity maxima, as demonstrated in Figure 5.10 (Lp=2/qmax where q is 

the intensity vector, g=47tsin9/X,). Annealing shifts the peaks to lower values, indicating 

an increase of the long spacing. Long spacing results of the precursor, annealed, and 
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stretched films for the blend containing 10 wt% PP08 are also reported in Figure 5.10. 

The value of Lp for the annealed film is much larger than that for the precursor film (Lp= 

68 nm compared to 102 nm). As no extension was applied during annealing, this 

increase is attributed to the increase of lamellae thickness. In contrast to WAXD results, 

a significant effect of stretching on SAXS intensity profile is observed. As mentioned 

above, SAXS can detect the distance between the lamellae, and during stretching the 

lamellae are separated and pores are created, so dramatic influence of stretching is 

observed in the SAXS patterns. 
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Fig. 5.10 SAXS intensity profiles for precursor, annealed, and stretched 10 wt% PP08 films. 
Annealing was performed at 140 °C for 30 min; DR=70, cold stretching of 35% followed by hot 
stretching of 55%. 

Figure 5.11 shows the 2D SAXS patterns for the PP28 and 10 wt% PP08 blend 

films. The equatorial streak in the SAXS patterns is attributed to the formation of the 
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shish, while meridian maxima are attributed to the lamellae or kebabs [3]. Looking at the 

meridian intensity, the formation of more lamellae for the blend containing 10 wt% 

PP08 is evident. 

(a) (b) 
Fig. 5.11 SAXS patterns of precursor films, a) PP28 and b) 10 wt% PP08; DR=70. 

It has been shown that annealing significantly influences the tensile response of 

films [7]. According to Sadeghi et al. [7], due to the planar morphology of the annealed 

sample, the rupture along the MD for the annealed film occurs at much smaller strain 

than for the non-annealed film. Puncture tests were performed to investigate the effects 

of annealing on the mechanical properties of the samples along the ND, and the results 

are presented in Figure 5.12. Each point is an average of over 10 tests. No significant 

changes were detected when PP08 was added. However, due to the thicker lamellae for 

the annealed samples, a pronounced increase of the maximum piercing force was 

observed for the annealed films compared to the precursor ones. 
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Fig. 5.12 Normalized maximum force for piercing as a function of PP08 content. Annealing was 
performed at 140 °C for 30 min; DR=70 and strain rate=25 mm/min. 

The effect of blending on the mechanical properties of precursor films along MD 

and TD is illustrated in Figures 5.13 and 5.14, respectively. Figure 5.13 shows that 

blending reduces the elongation at break for the precursor films along the MD, except 

for the 5 wt% PP08 sample that shows a peak. The reason for the peak in the elongation 

at break for the 5 wt% PP08 is unclear at present. The following decrease in the 

elongation at break for the precursor films containing more PP08 is possibly due to the 

more orientation of the amorphous and crystalline phases for these samples (see Figure 

5.7). The tie chains between lamellae are more oriented and more fibrils are expected as 

the level of PP08 increases. It is well known that better orientation along MD results in 

less deformation at break. For the transverse direction, a reduction of the maximum 
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stress and amount of elongation at break are also observed (Figure 5.14). This can be 

explained by the larger number of fibrils and smaller lamellae for the blend films. 

600 

200 
0% 2% 5% 10% 20% 100% 

4 (wt%) 
Fig. 5.13 Elongation at break for precursor films along the MD as a function of PP08 content; 
DR=70 and strain rate=25 rnm/min. 
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Fig. 5.14 Stress-strain curves along TD for precursor films of PP28 and blends; DR=70 and 
strain rate=25 mm/min. 

To control the final structure of the produced membranes, obtaining a precursor 

film with the adequate orientation and alignment of the crystal lamellae is needed. The 

WAXD measurements were performed to consider the influence of blending on the level 

of orientation, as illustrated in Figure 5.15. The first and second rings of the pole figures 

show the patterns for the 110 and 040 crystalline planes, respectively [23]. The normal 

to the 110 plane is the bisector of the a and b axes and 040 is along the b-axis of the unit 

crystal cells [10]. More intense arcs in the meridian and equatorial zones are apparent for 

the blend sample, indicating greater orientation for the crystal lamellae [23]. 
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Fig. 5.15 WAXD patterns of the annealed films, a) PP28, b) 10 wt% PP08 blend, (c, d) film 
production axes and crystal block coordinates, respectively. Annealing was performed at 140 °C 
for 30 min; DR=70. 

Figure 5.16 presents SEM micrographs of the surface and cross-section of the 

fabricated membranes for PP28 and blends containing 5 wt% PP08 and 10 wt% PP08. 

Figure 5.16al exhibits very thick lamellae and a small amount of pores for PP28 (i.e. 

low molecular weight component). However, as PP08 (i.e. high molecular weight 

component) is added, the number of pores increases and more uniform pore size and a 

better morphology is observed as well (Figures 5.16M and 5.16cl). This behavior can 

be explained as follows. As the content of the high molecular weight component 

increases, the number of fibrils or nuclei sites increases resulting in smaller lamellae and 

more pores. In addition, as was shown in Figure 5.3, the long chains have longer 

relaxation time; this increases the probability for the formation of lamellae by the low 
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molecular weight chains on the extended fibrils. It should be noted that the surface SEM 

micrographs of the porous membranes reveal greater lamellae orientation for the blend 

samples, confirming the WAXD results. Yu [21] investigated the lamellar structure of 

PE films blown with low and high molecular weight resins. Both polyethylenes 

exhibited a planar lamellar morphology, but the high Mw PE showed extended-chain 

nuclei, while the low Mw film possessed no evident extended-chain nuclei. As a result, 

the lateral lamellae dimensions were greater for the low Mw PE. Their findings are in 

line with our results shown in Figure 5.16. 

The neat PP28 membrane contains thicker lamellae in the precursor films and has 

lower orientation yielding in a difficult lamellae separation and less interconnectivity 

(Figure 5.16a2). More pores and thinner lamellae for the 10 wt% PP08 blend membrane 

lead to a better interconnectivity of the pores (Figure 5.16c2). In addition, the membrane 

tortuosity, which is defined as the length of the average pore to the membrane thickness 

[24], seems to be less for the 10 wt% PP08 blend membrane than for the PP28 

membrane. When SEM micrographs of the surface of the cold and hot stretched films 

were compared (SEM micrographs of the cold stretched films are not shown), the 

number of pores was found to be larger for the hot stretched samples. This confirms the 

findings of Sadeghi et al. [8] and it was explained by the melting of some lamellae and 

their recrystallization in the form of interconnected bridges during the hot stretching 

step. 
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Fig. 5.16 SEM micrographs of the surface (left images) and cross-section (right images) of the 
microporous membranes, a) PP28, b) 5 wt% PP08 blend, and c) 10 wt% PP08 blend; DR=70, 
cold stretching of 35%, followed by hot stretching of 55%. 
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Key properties for membranes made from blends and their neat component are 

reported in Table 5.2. The membranes containing 5 wt% PP08 and 10 wt% PP08 exhibit 

pore densities about twice and four times that of the PP28 membrane, respectively. The 

PP08 microporous membrane shows pore density much lower than the 10 wt% PP08 

membrane. The table also compares the results on specific surface area and average pore 

size of the membranes determined by BET and mercury porosimetry. The pore 

diameters obtained from BET and mercury porosimetry are almost identical. The 

specific surface area varies from 5.9 to 26.2 m2/g depending on the PP08 content. As the 

10 wt% PP08 blend microporous membranes has smaller diameter pores the larger value 

for the specific surface area is due to its larger pore density. An average pore diameter of 

0.12 urn was determined for the PP28, 5 wt% PP28 and 10 wt% PP28 membranes. It 

should be noted that the neat PP08 microporous membrane shows a much lower surface 

area but larger pores compared to the 10 wt% PP08 microporous membrane and the 

reason for these is discussed in the following paragraph. 

Table 5.2. Properties of microporous membranes (28 um thick). Annealing was performed at 
140 °C for 30 min; DR=70, cold stretching of 35% followed by hot stretching of 55% (values are 
averaged over 5 tests for each sample). 

PP28 

5 wt%PP08 

10wt%PPQ8 

PP0S 

Pore density 

(number of 
pores /square 

micron) 

19 

37 

77 

45 

Specific 
surface area 

(nr/g) 

BET 
technique 

5.9 

13.9 

26.2 

14.3 

Pore diameter 
(um) 

BET 
technique 

0.13 

0.12 

0.11 

0.21 

Mercury 
porosimetry 

0.11 

0.11 

0.12 

0.23 

Water vapor 
transmission rate 

(WVTR) 

(g/m2.day) 
(±10% error) 

3200 

5300 

9800 

16700 

Young 
modulus 

(GPa) 

0.92 

1.01 

1.05 

1.10 
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Table 5.2 also presents the water vapor transmission rates for the obtained 

microporous membranes. The permeability increased by a factor of 3 when 10 wt% 

PP08 was added to PP28. The addition of a high molecular weight component enhances 

the permeability, which is attributed to more pores, higher porosity, and better 

interconnection between the pores for the blend samples containing up to 10 wt% PP08. 

No significant increase of permeability was observed by further addition of PP08 except 

for the neat PP08 microporous membrane. In the blends, adding of more than 10 wt% 

PP08 possibly destroys the lamellar morphology, resulting in no changes or even lower 

permeability. Microporous membranes made of the neat PP08 showed a fibrillar 

structure with smaller number of lamellae (not presented here) than the 10 wt% PP08 

microporous blend. This was due to the presence of larger number of long chains in 

PP08. Although the pore density of the PP08 porous membrane is much smaller than for 

the 10 wt% PP08 membrane, its pores are much larger leading to a better pore 

interconnection and larger WVTR. Although the permeability of the neat PP08 

membrane was larger than that of all blend membranes, the objective of this work as 

mentioned earlier is to control the performances of microporous membranes using 

polymer blends. 

Also as shown by Table 5.2, the Young modulus of the membranes slightly 

increases as the amount of the high Mw PP increases (Table 5.2). This can be explained 

by the better orientation of the lamellae for the blend films compared to the neat PP28. 
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Figure 5.17 reports the pore size distribution for the microporous neat PP and 

membranes containing 5 wt% and 10 wt% PP08. It is obvious that blending does not 

dramatically influence the peak positions in the pore size distribution curves and all the 

three samples reveal peaks around 0.11 \im. However, adding PP08 significantly 

enhances the area under curves, indicating porosity increases. Porosity values of 30, 35, 

and 44 % were evaluated for the PP28, 5 wt% blend, and 10 wt% blend membranes, 

respectively. The lower porosity of the neat PP membrane is attributed to its thicker 

lamellae and, consequently, more resistant to lamellae separation. An improvement of 

porosity for a blend of 2 wt% long-chain branched polypropylene (LCB-PP) and a linear 

polypropylene (L-PP) was also reported by Sadeghi et al. [10]. This was explained by a 

better orientation of the crystal blocks for the blend sample. 
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Fig. 5.17 Pore size distribution for microporous PP28, 5 wt% blend, and 10 wt % blend 
membranes; DR=70, cold stretching of 35% followed by hot stretching of 55%. 
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In the preparation of porous membranes using the stretching technique, voids are 

nucleated by cold stretching and enlarged by subsequent hot stretching [1,2]. According 

to Johnson [2], the micro void morphologies produced via this method are a 

consequence of inter lamellar separation, which takes place at temperatures above Tg of 

the specific semi crystalline polymer. This is in contrast to amorphous polymers which 

reportedly form voids (i.e. crazes, this process is termed crazing) upon deformation at 

temperatures below their respective Tg. Sadeghi et al. [8] found that the pores size of the 

cold stretched films obtained from the PP resins with distinct Mw did not significantly 

vary. However, a difference in the lamellae thickness was observed. To find the 

optimum cold stretching conditions, cold drawing was carried out at 25 °C and 45 °C 

and under predetermined amounts of extension while the amount of hot stretching was 

kept constant. Figure 5.18 reports the water vapor transmission rate (WVTR) normalized 

(multiplied) by the membrane thickness as a function of the applied extension for 10 

wt% PP08 porous membranes. It is obvious that 20% extension during cold stretching 

was not enough to initiate pores formation. However, a maximum was observed when 

30% extension was applied while further stretching reduced the normalized WVTR. It is 

believed that the high level of extension during cold stretching causes the fibrils to get 

closer to each other, resulting in the collapse of the pores. Chu and Kimura [25] 

investigated the effects of stretching on porosity and permeability of microporous 

polypropylene films prepared by biaxial stretching. In accordance with our results, their 

findings showed that porosity and permeability of the drawn films increased as the 
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stretching ratio increased up to an optimum value while further stretching resulted in 

their reduction. This was explained by pores collapse and closely packed structure due to 

fibril propagation at large draw ratios. In our case, it was also found that cold stretching 

at 25 °C yields larger permeability values. 

Similar experiments were performed to investigate the influence of hot stretching. 

In contrast to cold stretching, no maximum was observed when the films were stretched 

to different levels (Figure 5.19). As mentioned, the pores created in cold stretching are 

enlarged during the hot stretching step. More flexibility of lamellae at high temperatures 

can be a reason for the increase of pore size with increasing draw ratio. However, hot 

stretching at 120 °C yields much larger WVTR values in comparison to stretching at 140 

°C. 

0.30 

10 20 30 40 50 60 70 

Extension (%) 

Fig. 5.18 Normalized water vapor permeability for the 10 wt% PP08 blend membrane as a 
function of extension during cold stretching at temperatures of 25 °C and 45 °C; DR=70, hot 
stretching of 55%, and draw speed=50 mm/min. 
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Fig. 5.19 Normalized water vapor permeability for the 10 wt% PP08 blend membrane as a 
function of extension during hot stretching at temperatures of 140 °C and 120 °C; DR=70, cold 
stretching of 35%, and draw speed=50 mm/min. 

5.4 Conclusions 

In this work, we have investigated the structure and performances of microporous 

membranes made from blends of linear low and high molecular weight PPs. In addition, 

the influence of annealing conditions on the crystallinity and stretching variables on the 

water vapor transmission rate (WVTR) were examined. Our findings can be summarized 

as follows: 

• Good agreement with the logarithmic mixing rule of the complex viscosity was 

observed for all the blends suggesting miscibility of the both PP components. 
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• Annealing at 140 °C without extension contributed significantly to the crystalline 

phase perfection. In addition, compared to films annealed without extension, 

annealing under small amount of extension resulted in a significant reduction of 

crystallinity. 

• SEM micrographs of the surface of membranes showed more uniform pores and a 

better distribution as the amount of the high molecular weight species increased. 

• More interconnectivity of the pores was observed when the level of high Mw PP 

increased. This was explained by a larger number of pores and thinner lamellae for 

the blend membranes. 

• By increasing the applied extension during hot stretching, water vapor transmission 

rate rose while for cold stretching the effect was inversed. 

Using the puncture test, it was shown that addition of high molecular weight species 

does not have dramatic influence on the mechanical properties of precursor films along 

ND. However, tensile tests revealed a slight reduction of the mechanical properties 

along MD and TD. 
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CHAPTER 6 

Effect of Processing on the Crystalline Orientation, 

Morphology, and Mechanical Properties of Polypropylene 

Cast Films and Microporous Membrane Formation2 

Seyed H. Tabatabaei, Pierre J. Carreau, and Abdellah Ajji 

CREPEC, Chemical Engineering Department, Ecole Poly technique, C.P. 6079, Succ. 
Centre ville Montreal, QC, H3C 3A7 Canada 

Abstract 

Cast films of a high molecular weight linear polypropylene (L-PP) were prepared by 

extrusion followed by stretching using a chill roll. An air knife was employed to supply 

air to the film surface right at the exit of the die. The effects of air cooling conditions, 

chill roll temperature, and draw ratio on the crystalline orientation, morphology, 

mechanical and tear properties of the PP cast films were investigated. The crystallinity 

and crystal size distribution of the films were studied using differential scanning 

calorimetry (DSC). It was found that air blowing on the films contributed significantly 

to the uniformity of the lamellar structure. The orientation of crystalline and amorphous 

phases was measured using wide angle X-ray diffraction (WAXD) and Fourier 

2 Submitted to Polymer. 
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transform infrared (FTIR). The amount of lamellae formation and long period spacing 

were obtained via small angle X-ray scattering (SAXS). The results showed that air 

cooling and the cast roll temperature have a crucial role on the orientation and amount of 

lamellae formation of the cast films, which was also confirmed from scanning electron 

microscopy (SEM) images of the films. Tensile properties and tear resistance of the cast 

films in machine and transverse directions (MD and TD, respectively) were evaluated. 

Significant increases of the Young modulus, yield stress, tensile strength, and tensile 

toughness along MD and drastic decreases of elongation at break along TD were 

observed for films subjected to air blowing. Morphological pictograms are proposed to 

represent the molecular structure of the films obtained without and upon applying air 

cooling for different chill roll temperatures. Finally, microporous membranes were 

prepared from annealed and stretched films to illustrate the effect of the PP cast film 

microstructure on the morphology and permeability of membranes. The observations of 

SEM surface images and water vapor transmission rate of the membranes showed higher 

pore density, uniform pore size, and superior permeability for the ones obtained from the 

precursor films prepared under controlled air cooling. 

6.1 Introduction 

Among a wide range of resins, polypropylene (PP) is a well-known semicrystalline 

polymer and, in comparison with polyethylene (PE), PP has a higher melting point, 
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lower density, higher chemical resistance, and better mechanical properties, which make 

it useful for many industrial applications. 

The crystalline phase orientation in semicrystalline polymers such as polypropylene 

enhances many of their properties particularly mechanical, impact, barrier, and optical 

properties [1]. Obtaining an oriented structure in PP is of great interest to many 

processes such as film blowing, fiber spinning, film casting, and etc. In these processes 

the polymer melt is subjected to shear (in the die) and elongational (at the die exit) flow 

and crystallize during or subsequent to the imposition of the flow. 

It is well-known that strain under flow strongly enhances the crystallization kinetics 

and allows the formation of a lamellar structure instead of the spherulitic one. The effect 

of flow on crystallization is called flow-induced crystallization (FIC) while the flow can 

be shear, extensional or both [2]. FIC molecular models show that flow induces 

orientation of polymer chains, resulting in enhancement of the nucleation rate [2-4]. 

Under flow, two major types of crystallization can occur, depending on the magnitude of 

the stress [1]: low stress results in twisted lamellae, while high stress produces a shish-

kebab structure in which the lamellae grow radially on the shish without twisting [1]. 

Similar to shear flow, it has also been reported that extensional flow promotes 

fibrillar like structure oriented in the flow direction that serves as nucleation for radial 

growth of chain-folded lamellae perpendicular to the stress direction [5]. 

The effects of material parameters on shear induced crystallization process for PP 

have been investigated using in-situ small angle X-ray scattering (SAXS) and/or wide 
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angle X-ray diffraction (WAXD) analyses [6-8]. Agarwal et al. [6] examined the 

influence of long chain branches on the stress induced crystallization. Adding a certain 

level of branches improved the orientation of the crystal blocks and the crystallization 

kinetics due to the longer relaxation time and the molecular structure. Somani et al. [7] 

followed the orientation development upon applying different shear rates. They found 

that, at a certain shear rate, only molecules with a chain length (molecular weight) above 

a critical value (critical orientation molecular weight, Mc) can form stable oriented row 

nuclei (shish). The shorter chains create lamellae over these nuclei sites. In another 

study, Somani et al. [8] compared the oriented microstructure under shear flow of 

isotactic polypropylene melts (PP-A and PP-B) with the same number average molecular 

weight but different molecular weight distribution (MWD). The amount of the high 

molecular weight species was larger in PP-B than in PP-A. Their results showed that the 

shish structure evolved much earlier for PP-B, which had more pronounced crystal 

orientation and faster crystallization kinetics. They concluded that even a small increase 

in the concentration of the high molecular weight chains led to a significant increase in 

the shish or nuclei site formation. In our recent study [9], addition of up to 10 wt% of a 

high molecular weight component to a low molecular weight one enhanced the 

formation of the row-nucleated structure probably due to an increase in the nucleating 

sites. 

The crystallization behavior of semicrystalline polymers is significantly influenced 

by the process conditions. Under quiescent isothermal crystallization, the size of the 
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spherulites, the degree of crystallinity, and the kinetics depend on temperature, while in 

quiescent non-isothermal conditions, both temperature and cooling rate are important 

factors [2]. 

Numerous studies have focused on the structure of PE and PP blown films using 

various materials under different processing conditions. However, as far as we know no 

experimental study has been conducted on the cast film process with emphasis on the 

effect of cooling using a chill roll and/or air. Therefore, the main objective of this work 

is to elucidate the effect of air cooling, in addition to the other process conditions (i.e. 

chill roll temperature and draw ratio), on the flow-induced crystallization and orientation 

developed in PP cast films. We also report results on the tear properties and mechanical 

behavior of the cast films and the properties of the membranes produced from these 

films. This is the first effort to address this issue from a structural point of view. 

6.2 Experimental 

6.2.1 Material 

A commercial linear polypropylene (PP5341) supplied by ExxonMobil Company was 

selected. It had a melt flow rate (MFR) value of 0.8 g/lOmin (under ASTM conditions of 

230 °C and 2.16 kg) Its molecular weight was estimated from the relationship between 

the zero-shear viscosity and the molecular weight [10] and found to be around 772 

kg/mol. The resin showed a polydispersity index (PDI) of 2.7, as measured using a GPC 

(Viscotek model 350) at 140 °C and 1,2,4-Trichlorobenzene (TCB) as a solvent. Its 
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melting point, Tm, and crystallization temperature, Tc, obtained from differential 

scanning calorimetry at a rate of 10 °C/min, were 161 °C and 118 °C, respectively. 

6.2.2 Film and membrane preparation 

The cast films were prepared using an industrial multilayer cast film unit from Davis 

Standard Company (Pawcatuck, CT) equipped with a 2.8 mm thick and 122 cm width 

slit die and two cooling drums. The extrusion was carried out at 220 °C and the distance 

between the die exit to the nip roll was 15 cm. The die temperature was set at 220 °C and 

draw ratios of 60, 75, and 90 were applied. An air knife with dimensions of 3 mm 

opening and 130 cm width was mounted close to the die to provide air to the film 

surface right at the exit of the die. The variables of interest were chill roll temperature, 

amount of air flow, and draw ratio. The films were produced under chill roll 

temperatures of 120, 110, 100, 80, 50, and 25 °C. For all the cast roll temperatures, the 

air cooling rates used were 0, 1.2, 7.0, and 12 L/s. These air cooling conditions are noted 

as: no air flow rate (N-AFR), low air flow rate (L-AFR), medium air flow rate (M-AFR), 

and high air flow rate (H-AFR), respectively. 

For membrane fabrication, the precursor films with a thickness, width and length of 

35 urn, 46, and 64 mm, respectively, were used. The films were first annealed at 140 °C 

for 30 min and then cold and hot stretched at 25 °C and 120 °C, respectively. Both 

annealing and stretching were performed using an Instron machine equipped with an 

environmental chamber. A drawing speed of 50 mm/min was applied during cold and 
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hot stretching steps. The details for the fabrication of the microporous membranes can 

be found elsewhere [9]. 

6.2.3 Film and membrane preparation 

Fourier transform infrared spectroscopy (FTIR): For FTIR measurements, a Nicolet 

Magna 860 FTIR instrument from Thermo Electron Corp. (DTGS detector, resolution 2 

cm-1, accumulation of 128 scans) was used. The beam was polarized by means of a 

Spectra-Tech zinc selenide wire grid polarizer from Thermo Electron Corp. The 

measurement is based on the absorption of infrared light at certain frequencies 

corresponding to the vibration modes of atomic groups present within the molecule. In 

addition, if a specific vibration is attributed to a specific phase, the orientation within 

that phase can be determined [11]. If the films are oriented, the absorption of plane-

polarized radiation by a vibration in two orthogonal directions, specifically parallel and 

perpendicular to a reference axis (MD), should be different. The ratio of these two 

absorption values is defined as the dichroic ratio, D [11]: 

D=AL (6-D 

where ^ is the absorption parallel and A± is the absorption perpendicular to a specific 

reference axis. The Herman orientation function of this vibration is obtained according 

to [11]: 

D + 2 (6.2) 
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For polypropylene, absorption at the wavenumber of 998 cm" is attributed to the 

crystalline phase (c-axis) while absorption at the wavenumber of 972 cm"1 is due to the 

contribution of both crystalline and amorphous phases. From the former absorption, the 

orientation of the crystalline phase, fc, can be determined while from the latter, the 

average orientation function, fav, is obtained. The orientation of the amorphous phase, 

fam, can be calculated according to: 

fav = XJc+{l-Xc)fam (6.3) 

where Xc is the degree of the crystallinity. Using FTIR, the global, crystalline and 

amorphous orientations can be determined. 

X-ray diffraction: XRD measurement was carried out using a Bruker AXS X-ray 

goniometer equipped with a Hi-STAR two-dimensional area detector. The generator was 

set up at 40 kV and 40 mA and the copper CuKa radiation {X = 1.542 A°) was selected 

using a graphite crystal monochromator. The sample to detector distance was fixed at 

9.2 cm for wide angle diffraction and 28.2 cm for small angle X-ray scattering analysis. 

To get the maximum diffraction intensity several film layers were stacked together to 

obtain the total thickness of about 2 mm. 

Wide angle X-ray diffraction (WAXD) is based on the diffraction of a 

monochromatic X-ray beam by the crystallographic planes (hkl) of the polymer 

crystalline phase. Using a pole figure accessory, the intensity of the diffracted radiation 

for a given hkl plane is measured as the sample is rotated through all possible spherical 
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angles with respect to the beam. This gives the probability distribution of the orientation 

of the normal to hkl plane with respect to the directions of the sample. 

The Herman orientation function of a crystalline axis is given by [12]: 

(3cos2(fr-l) 

2 (6.4) 

where <\> is the angle between the unit cell axes (a, b, and c) and reference axes. Details 

about the calculations can be found elsewhere [12]. 

The orientation factors from WAXD are mainly due to the crystalline part, therefore 

no information about the orientation of the amorphous phase can be obtained. Small 

angle X-ray scattering (SAXS) was used to compare the level of the lamellae formation 

for the different samples and to estimate the long period between lamellae. 

Thermal analysis: Thermal properties of specimens were analyzed using a TA 

instrument differential scanning calorimeter (DSC) Q 1000. The thermal behavior of 

films was obtained by heating from 50 to 220 °C at a heating rate of 10 °C/min. The 

reported crystallinity results were obtained using a heat of fusion of 209 J/g for fully 

crystalline polypropylene (PP) [13]. 

Mechanical and tear analysis: Tensile tests were performed using an Instron 5500R 

machine equipped with an environmental chamber for tests at high temperature. The 

procedure used was based on the D638-02a ASTM standard. A standard test method for 

the tear resistance of plastic films based on ASTM D1922 was used to obtain the MD 

and TD tear resistances. According to this standard, the work required in tearing is 
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measured by the loss of energy of the encoder, which measures the angular position of 

the pendulum during the tearing operation. 

Morphology: To clearly observe the crystal arrangement of the PP cast films, an etching 

method was employed to remove the amorphous part. The PP films were dissolved in a 

0.7% solution of potassium permanganate in a mixture of 35 volume percentage of 

orthophosphoric and 65 volume percentage of sulfuric acid. The potassium 

permanganate was slowly added to the sulfuric acid under rapid agitation. At the end of 

the reaction time, the samples were washed as described in Olley and Bassett [14]. 

A field emission scanning electron microscope (FESEM- Hitachi S4700) was employed 

for the observation of the etched films surfaces as well as microporous membranes. This 

microscope provides high resolution of 2.5 nm at a low accelerating voltage of 1 kV and 

high resolution of 1.5 nm at 15 kV with magnification from 20x to 500kx. 

Water vapor transmission: The permeability to water vapor was measured via a 

MOCON PERMATRAN-W Model 1 OIK at room temperature. It is composed of three 

chambers: an upper chamber containing liquid water and separated from the center 

chamber by two porous films. Water vapor diffuses from the first film to fill the space 

between the films to reach 100% relative humidity (RH). The center chamber is 

separated from the lower one by the test film. The diffused vapor is swept away by N2 

gas to a relative humidity (RH) sensor. 
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6.2.4 Rheological characterization 

Dynamic rheological measurements were carried out using a Rheometric Scientific 

SR5000 stress controlled rheometer with a parallel plate geometry of 25 mm diameter 

and a gap equal to 1.5 mm at the temperatures of 180, 195, 210, and 225 °C under 

nitrogen atmosphere. Molded discs of 2 mm thick and 25 mm in diameter were prepared 

using a hydraulic press at 190 °C. Prior to frequency sweep tests, time sweep tests at a 

frequency of 0.628 rad/s and different temperatures were performed for two hours to 

check the thermal stability of the specimens. No degradation (less than 3% changes) was 

observed at test temperatures for the duration of the frequency sweep measurements. 

The dynamic data were obtained in the linear regime and used to evaluate the weighted 

relaxation spectra of the samples. 

6.3 Results and discussion 

We first present experimental data that clearly demonstrate the effects of process 

conditions, particularly air cooling and drum temperature, on crystallization, orientation 

of the amorphous and crystalline phases, and also tear and mechanical properties. 

Subsequently, two morphological pictograms are proposed to describe the observed 

experimental data and the reasons for these observations are discussed. Finally, the 

structure and properties of the microporous membranes obtained from the PP cast films 

having different microstructures are presented. 
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The effects of cast roll temperature (rcast) and air cooling on thermal behavior of the 

films were examined using differential scanning calorimetry (DSC) and the results are 

shown in Figure 6.1. The top curves in this figure exhibit the thermograms of the films 

prepared at the chill roll temperatures of 100, 110, and 120 °C without air cooling. For 

these films, melting peaks around 163, 162, and 156 °C are observed, respectively. 

However, for the sample obtained at the drum temperature of 120 °C and no air flow rate 

condition (N-AFR) an additional peak at 144 °C is observed. Also for the sample 

obtained at the cast roll temperature of 110 °C a small shoulder at 156 °C is seen. These 

suggest the presence of a bimodal crystal (either lamellae or spherulite) size distribution 

(the WAXD measurements for these specimens showed no intensity peaks 

corresponding to the beta crystal form; therefore, the presence of this type of crystals is 

excluded). Both the additional peak and shoulder disappeared when rcast was set at 100 

°C or less (not shown). The thermograms of the films subjected to a small amount of air 

flow at different rcast (bottom curves in Figure 6.1) show narrower melting curves 

without any additional peak or shoulder. These indicate a more uniform crystal size 

structure for the films prepared at L-AFR condition. 
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Fig. 6.1 DSC scans of cast films for roll temperatures of 120, 110, and 100 °C. The top curves 
are the thermograms of cast films produced under N-AFR condition whereas the bottom curves 
are the thermograms of films fabricated under L-AFR; DR=75. 

The orientation and arrangement of the crystal lamellae in the cast films are key 

factors in controlling the final properties of manufactured films. Figures 6.2 and 6.3 

present the Herman orientation functions of the crystalline phase as well as of the 

amorphous phase obtained from FTIR, respectively. For the N-AFR condition, it is 

obvious that decreasing Tcast reduces the orientation of both the crystalline and 

amorphous phases (Figures 6.2 and 6.3). For no air flow (N-AFR) and very low TcasX, 

quenching of the polymeric film happens and as a consequence a spherulitic crystal 

structure is expected, which leads to quite low crystal alignment. However, by 
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increasing the drum temperature, the film temperature gets close to the crystallization 

point, Tc, of the resin; thus the molecules have more chance to crystallize in the extended 

configuration created under high draw ratio. This results in films with higher crystal 

orientation. Moreover, compared to the no air cooled films, significant improvement in 

the orientation of the crystalline and amorphous phases is observed when the film 

surface is exposed to a small amount of air cooling (Figures 6.2 and 6.3). For the 

samples obtained under air cooling and at a drum temperature of 80 °C and lower, the 

orientations (not shown) were close to the one at Tcast of 100 °C and the reasons for that 

will be explained later. The insets in Figures 6.2 and 6.3 reveal the Herman orientation 

functions of the crystalline and amorphous phases of the samples obtained at Tcast of 120 

°C for different air flow rates, respectively. It is clear that applying a small amount of air 

flow enhances the orientation of the crystalline and amorphous phases drastically while 

further increases in air flow do not significantly affect them. 
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Fig. 6.2 Crystalline orientation functions for different cast roll temperatures. The inset is a plot 
of the crystalline orientation function versus the air flow rate conditions for rcast=120 °C; 
DR=75. 
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Fig. 6.3 Amorphous orientation functions for different cast roll temperatures. The inset is a plot 
of the amorphous orientation function versus the air flow rate conditions for Tcast=\20 °C; 
DR=75. 
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The effect of the amount of applied strain, either in shear or elongational flow, on 

the lamellar structure of the various resins has been investigated recently [7,15-17]. The 

authors reported that as the level of strain increased, more lamellae accompanied with 

better orientation were generated. The influence of draw ratio on the orientation of the 

crystalline and amorphous phases has also been considered [9,17,18]. In the cast film 

process of PP, an almost linear relationship between the draw ratio and the orientation 

factor was reported [9,18]. At low draw ratios, the lamellae were not well aligned 

perpendicular to the flow direction, but at high draw ratios, the lamellae aligned 

themselves perpendicular to the machine direction, resulting in higher orientation. In this 

study, the influence of the draw ratio on the orientation function with and without the 

use of air flow is illustrated in Figure 6.4 for draw ratios of 60, 75, and 90. Obviously, 

compared to the no air cooled films and for all the draw ratios, a jump in the orientation 

parameter is seen by the use of low air cooling. In addition, the draw ratio has a stronger 

effect on the orientation function for the films subjected to air cooling. 
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Fig. 6.4 Crystal orientation functions for different air flow rate conditions at draw ratios of 60, 
75,and90;rcast=120°C. 

The effect of air cooling on orientation of the crystalline phase was also considered 

using WAXD, as shown in Figure 6.5. In the WAXD patterns, the first and second rings 

represent the patterns for the 110 and 040 crystalline planes, respectively [12]. A 

diffraction ring is seen for the 110 crystallographic plane for the no air cooled film, 

indicating a low crystalline phase orientation. However, instead of rings, arcs that are 

sharper and more concentrated in the center are observed for the air cooled samples, 

implying more orientation. This behavior can be better shown when the intensity is 

plotted as a function of the azimuthal angle. The azimuthal angle, (j), is 0 or 180° along 

the equator and 90 or 270° along the meridian. For each (j), the average intensity at 20 

(=12.6° ± 0.17°) of the 110 plane was extracted from the 2D WAXD patterns and the 

results for the samples produced under different air flow rates are plotted in Figure 6.5. 
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Noticeable jumps at azimuthal angles around 180° as well as about 90° and 270° are 

observed when a small amount of air blowing is applied while further increases in the air 

flow rate do not dramatically impact the azimuthal intensity profile. The much sharper 

peaks for the air cooled films indicate a higher orientation of the crystal lamellae 

compared to the no air cooled ones. 

7QA ' ' ' ' 

80 100 120 140 160 180 200 220 240 260 280 

Azimuthal angle, § (degree) 
Fig. 6.5 2D WAXD patterns and azimuthal intensity profiles at 20 of the 110 refection plane of 
PP at different air cooling conditions; rcast=120 °C and DR=75. 

The crystalline orientation can also be analyzed quantitatively from the pole figures 

of the 110 and 040 planes, as illustrated in Figure 6.6. The normal to the 110 plane is the 

bisector of the a and b axes and the 040 plane is along the b-axis of unit crystal cells 

[12]. For the film obtained without air cooling, slight orientations of the 110 and 040 

planes are detected in MD and TD, respectively. However, for the film produced at L-

AFR a significant orientation of the 110 plane is observed along TD and that of the 040 
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plane (b-axis) is in both TD and ND. The pole figures for the samples obtained at higher 

air flow rates (i.e. M-AFR and H-AFR) were similar to L-AFR with slightly higher 

orientation intensities. The schematics in Figure 6.6 represent the crystal alignments 

based on their pole figures. 

(a) (b) c (c) 

0 ND 

Fig. 6.6 Pole figures for the films obtained under different air cooling conditions, a) N-AFR, b) 
L-AFR, and c) M-AFR; rcast=120 °C and DR=75. Schematics show the assumed crystal 
orientation. 

The orientation features, in terms of cos2 ((()) of the crystalline axes (i.e. a, b, and c 

(see the sketch in Figure 6.7)) along MD, TD, and ND obtained from the Herman 

orientation function for the no air cooled as well as the air cooled films casted at the chill 
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roll temperature of 120 °C are presented in the triangular plot of Figure 6.7. It is obvious 

that a small amount of cooling causes a large shift of the c-axis of the crystals towards 

the MD, while a- and £>-axes take a position closer to the TD and ND planes. This 

clearly shows that air cooling enhances the orientation of the films, in accordance with 

the FTIR data. It should be mentioned that the orientation functions obtained using FTIR 

were slightly larger than the values from the WAXD pole figure. The discrepancies in 

the values of the measured c-axis orientation may be due to different factors such as 

peak deconvolution, contribution of the amorphous phase etc., as discussed for PE and 

PP elsewhere [1,19]. 

Fig. 6.7 Orientation characteristics as cos2 ((|)) of the crystal axes (a, b and c) along MD, TD, 
and ND; Tcm= 120 °C and DR=75. The schematic represents the film production axes and crystal 
block coordinates. 

The degree of crystallinity (Xc) of the samples determined using WAXD and DSC 

is presented in Table 6.1. In WAXD, the contributions arising from the crystalline and 
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amorphous parts were extracted via peak fitting of the 26 diffraction pattern. Similarly to 

DSC results, it was observed that cooling improves crystallinity. However, the 

crystallinity obtained from WAXD was slightly higher than that from DSC. In addition, 

the average crystal width in the directions of the 110 and 040 crystallographic planes 

were determined from the full width at half maximum A(20) of the deconvoluted 

diffraction profiles according to the following equation [20]: 

D = KX 
m A(20)cos0 ( 6 5 ) 

where A' is a crystallite form coefficient that is taken equal to 1 and X is the X-ray 

wavelength. Although it is known that this equation is not accurate because it neglects 

the broadening due to the lattice distortions, it allows a useful comparison of the 

crystalline structures for the various films. Table 6.1 also presents the variations of the 

Duo and D040 with air cooling for the films casted at 120 °C. Both Duo and D04o are 

enhanced by the use of low air cooling and do not vary by further increases of air flow. 

The D040 crystallite size corresponds to an average size of the crystallites that are 

oriented parallel to the film plane. Therefore, the increase of D040 suggests that the 

crystallite size is increased in a direction parallel to the b crystallographic axis. The 

effect of the cast roll temperature on the D040 was also evaluated (not shown here) and 

no noticeable impacts were found. 
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Table 6.1 Crystal characteristics of the cast films obtained under different air cooling rates; 
DR=75. 
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Figure 6.8 illustrates the SAXS patterns as well as the azimuthal intensity profile for 

the films obtained under different air cooling rates. The equatorial streak in the SAXS 

patterns is attributed to the formation of the shish, while the meridian maxima are 

attributed to the lateral lamellae or kebabs [6]. Looking at the meridian intensity (either 

pattern or azimuthal profile), the formation of more lamellae for the air cooled samples 

is obvious. In addition, for all conditions, it is clear that the contribution of the shish to 

the crystalline phase is much less than that of lamellae, confirming the results of Somani 

etal. [21] for PE and PP. 

rcast = 120 °C, N-AFR 

rcas t=120°C, L-AFR 

rcast= 120 °C, M-AFR 

Tcas.= 120 °C, H-AFR 
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Fig. 6.8 2D SAXS patterns and azimuthal intensity profiles at the meridian of PP films for 
different air flow cooling conditions; 7cast=120 °C and DR=75. 

The long period distance, Lp, was estimated from the position of the Lorentz 

corrected intensity maxima, as demonstrated in Figure 6.9 {Lp=2nlqmax where q is the 

intensity vector, g=4jrsin8A,,). We observes a first order peak arising from stacks of 

parallel lamellae and a second order peak indicating that the periodicity of the lamellae 

is high [22]. Air cooling slightly shifts the peaks to higher values, indicating a decrease 

of the long period spacing. Long period spacing results for the no air cooled as well as 

the air cooled specimens are also reported in Figure 6.9. The value of Lp for the films 

subjected to air cooling is smaller than that for the films produced without applying air 

cooling (Lp=14.7 nm compared to 15.7 nm) and decreases with increasing AFR. As all 

films were produced under the same draw ratio, the decrease of Lp is attributed to the 
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formation of more lamellae and consequently a more compact structure, which reduces 

the distance between lamellae. 
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Fig. 6.9 Lorentz corrected SAXS intensity profiles for the films prepared under various air 
cooling conditions; rcast=120 °C and DR=75. 

The previous results imply that an oriented shish-kebab crystal structure is obtained 

by the use of air cooling in addition to the chill roll, compared to a much less ordered 

crystal structure for the no air cooled films. These differences can be clearly visualized 

from SEM surface images of the etched films (etching removes the amorphous region), 

as demonstrated in Figure 6.10. Figure 6.10a shows the micrograph of the surface of the 

film obtained without employing air cooling and at rcast of 120 °C. For such conditions, 

spherulites, small rows of lamellae, and some cross-hatched crystalline structures 

coexist. The size of the spherulites is much larger than the lamellae, whereas the 

lamellae have been oriented somehow perpendicular to MD. The rectangle in Figure 
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6.10a illustrates the interface of a spherulite and rows of lamellae and its higher 

magnification image is shown on the right. More spherulites and lamellar branching are 

observed for the films prepared at Tcast of 110 °C and without the use of air cooling 

(Figure 6.10b). The lamellar branching from the primary lamellae is produced by 

epitaxial growth due to cross-hatched lamellar texture, which is a unique characteristic 

of PP crystalline structure [1]. The rectangle in Figure 6.10b exhibits the impingement of 

spherulites, clearly demonstrated by its higher magnification micrograph on the right. 

For the no air cooling condition, the number of spherulites increased and the cross-

hatched morphology became more random (balanced) (not shown) as the cast roll 

temperature changed from 100 °C to 25 °C. This can be explained by the quenching 

effect (and hence low crystal orientation) of the cast roll at temperatures much lower 

than Tc of the resin. In contrast, a more uniform and ordered stacked lamellar structure is 

observed for the films subjected to a low air cooling (Figure 6.10c), confirming the 

FTIR and WAXD results (see Figures 6.2 and 6.7). In Figure 6.10c, no spherulites are 

seen and the sizes of lamellae are much larger than the lamellae shown in Figure 6.10a, 

which is qualitatively in good agreement with the XRD results (see Table 6.1). The dark 

spots in Figure 6.10c could be due the presence of very small spherulites or some 

crystalline parts that have been removed by etching. Applying higher air cooling rate 

slightly improved the orientation and size of lamellae and for that reason the results are 

not presented here. Additionally, for the L-AFR condition, it was realized that Tcast lower 

than 100 °C did not noticeably influence the structure of the air cooled films, indicating 
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that the crystal structure has been established before contacting the nip roll. In other 

words, by applying air cooling, the frost line has been formed before the extruded film 

touches the nip roll. Therefore, high rcast (i-e- T,
cast=120 °C or 110 °C) affects the 

structure as annealing does (i.e. removes the imperfection in crystalline phase and 

slightly increases the crystal size and orientation [8,18,23]). This is why the films 

produced under air cooling and high rcast show slightly higher orientation than the ones 

obtained at low Tcast (i.e. 7^=100 °C or lower). 



Fig. 6.10 SEM micrographs of the surface of films obtained under: a) N-AFR and TC3St-l20 °C, 
b) N-AFR and rcast=H0 °C, and c) L-AFR and rcast=120 °C. The right images are high 
magnification micrographs of the sections corresponding to the rectangles; DR=75. MD f and 
TD-> 

It is well established that the structure of the crystalline and amorphous phases 

strongly influence the mechanical and tear properties of films. In other words, the 

mechanical and tear behaviors are closely related to structure changes. Zhang et al. [24] 



130 

studied the microstructure of LLDPE, LDPE, and HDPE blown films and showed that 

the type of oriented structure was greatly dependent on the type of polyethylene as well 

as on the processing conditions. These structure differences were shown to translate into 

different ratios for MD and TD tear and tensile strengths [24]. Figures 6.1 la and b show 

the typical stress-strain behavior (for samples prepared without and with air cooling) 

along MD and TD, respectively. The stress-strain response for the no air cooled samples 

along MD exhibits the typical behavior of films of a spherulitic structure with an elastic 

response at low deformation, yielding and plastic behavior at medium deformation, and 

strain hardening at high elongation. In contrast, the stress-strain response of the air 

cooled specimens along MD reflects the typical behavior of films of a lamellar 

crystalline morphology with an initial elastic response at low deformation followed by 

two strain hardening zones. An extensive discussion on this behavior can be found in 

Samuels [25]. To clearly understand the influences of air cooling on the mechanical 

properties of the manufactured films, the Young modulus, yield stress, tensile strength, 

tensile toughness along MD, elongation at break, and yield stress along TD for all the 

films were determined, as depicted in Figures 6.12 and 6.13, respectively. It is very 

important to note that all properties along MD (Figure 6.12) improve significantly as the 

films are subjected to a low level of AFR. This can be easily explained by the much 

better alignment of the lamellae due to air cooling. Additionally, it should be pointed out 

that further increases of AFR do not noticeably change the mechanical properties along 

MD, which is in agreement with their orientation trend (see Figures 6.2 and 6.7). 
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The enhancement of the mechanical response along MD, due to the high orientation 

of the cooled specimens along MD, was, however, accompanied by significant 

reductions of the elongation at break along TD (Figure 6.13). This anisotropy of the 

tensile properties along MD and TD was also reported for different PE resins [24] and it 

was shown that as the level of orientation increased the anisotropy in the mechanical 

properties increased. Figure 6.13 also shows that the yield stress along TD is enhanced 

as the air flow rate is increased. According to Zhou and Wilkes [26], for HDPE having a 

stacked lamellar structure, stretching perpendicular to MD caused the crystal lamellae to 

break up or rupture by chain pull-out. In our case, it is postulated that applying air 

cooling forms more tie chains between the stacked lamellae, which are possibly 

responsible for the increase of the yield stress with increasing air flow rate. 
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Fig. 6.13 Elongation at break (left figure) and yield stress (right figure) of the films along TD 
for various air flow rate conditions; 7^= 120 °C and DR=75. 

Table 6.2 reports the mechanical properties along MD and TD for the films 

produced at rcast of 120, 110, 100 °C under N-AFR as well as L-AFR conditions. 
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Compared to the no air cooled films, a significant effect of low air blowing on the 

mechanical properties, at all drum temperatures, is observed. It is clear that the Young 

modulus, yield stress, tensile toughness, and tensile strength along MD decrease as Tcast 

decreases. This is due to the formation of more lamellae at higher Tcast for the no air 

subjected films (see Figures 6.10a and b) and annealing effect at high Tcast for the air 

subjected films. 

Table 6.2 Mechanical properties of the cast films along MD and TD (the numbers in parenthesis 
indicate the standard deviation of the measurements); DR=75. 

T 
1 cas 

T 
1 cas 

*• cas 

' c a s 

' c a s 

' c a s 

= 120°C, 

= 120°C, 

= 110°C, 

= 110°C, 

= 100 °C, 

= 100 °C, 

N-AFR 

L-AFR 

N-AFR 

L-AFR 

N-AFR 

L-AFR 

Young 

modulus 

(MPa) 

683.5 ( 61.8) 

967.0(157.0) 

604.4 ( 51.2) 

890.2 ( 98.3) 

562.9 (167.5) 

853.8 ( 19.8) 

Mechanical properties 

Yield 

stress 

(MPa) 

14.5 (2.7) 

26.1 (4.8) 

12.2(2.0) 

23.5 (3.3) 

10.8(3.1) 

22.1 (1.0) 

along MD 

Tensile 

toughness 

(MPa) 

93.2(15.2) 

122.7 (25.3) 

81.3(13.6) 

106.0(15.6) 

74.6(15.4) 

97.8 ( 1.8) 

Strain 

at break 

5.5 (0.0) 

2.8 (0.4) 

6.2 (0.4) 

2.7(0.1) 

6.7(0.1) 

2.4 (0.0) 

Tensile 

strength 

(MPa) 

25.7 ( 3.1) 

53.0 ( 7.2) 

21.3 ( 7.6) 

49.2 ( 2.4) 

19.7 ( 4.3) 

46.9 ( 0.8) 

Mechanical 

along 

Yield 

stress 

(MPa) 

20.0(1.6) 

25.7 (6.1) 

17.5(1.3) 

25.2 (0.6) 

15.9(0.8) 

23.5 (4.9) 

properties 

TD 

Strain 

at break 

1.2 (0.4 ) 

0.05(0.01) 

1.5 (0.1 ) 

0.05 (0.01) 

1.48 (0.1 ) 

0.05 (0.01) 

It is well understood that tear measurements are very sensitive to the type and 

alignment of crystalline morphology [24]. Along MD, tear resistance values of 0.178, 

0.154, 0.146, and 0.121 g/um were measured for the films obtained at 7cast=120 °C and 

N-AFR, L-AFR, M-AFR, and H-AFR, respectively: the higher the orientation of the 

crystalline and amorphous phases, the lower the tear resistance along MD. It was 
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observed that measurements of the tear resistance along TD for samples subjected to air 

cooling were impossible, because the tearing direction deviated most of the time to MD. 

In fact, there is a high resistance in TD when compared to MD, which causes a crack in 

MD and created non-reproducible data that are not reported here. This implies that for 

air cooled films, a shish-kebab lamellar crystal structure with shishs aligned in MD is 

formed. 

Based on our observations from thermal analysis, FTIR results, WAXD and SAXS 

patterns, microscopy, mechanical and tear properties, two microstructural pictograms 

(one for the no air cooled cast film and another for the cast films produced with the use 

of air cooling) are proposed as depicted in Figure 6.14. 

For the films produced at high chill roll temperatures and without air cooling, FTIR 

data, WAXD and SAXS patterns suggest the presence of a lamellar crystalline structure 

(rows of lamellae and/or cross-hatched), which is not preferentially oriented in MD (see 

Figures 6.2, 6.7, and 6.8). Additionally, the facility of tearing these samples along TD 

indicates that the shishs are not long. However, for these samples, the stress-strain 

behavior along MD and TD implies the presence of a spherulitic crystalline structure as 

well. Therefore, as illustrated in Figure 6.14a, for the films produced without air cooling 

and at high Tcast, it is believed that spherulitic, row nucleated, and cross-hatched lamellar 

crystalline structures coexist as confirmed by the SEM micrographs of Figures 6.10a and 

b. In Figure 6.14a, the solid line represents the tear path for the sample torn in MD, 

whereas the dash line reflects the tear path for the one torn in TD. The cast films having 
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this mixed structure can be easily torn along both MD and TD. At low cast roll 

temperatures (i.e. at temperatures far below Tc of the resin), low orientation values for 

both crystalline and amorphous phases were determined (see Figures 6.2 and 6.3), 

indicating the formation of more spherulitic and randomly cross-hatched crystal forms. 

In contrast, for the films produced under air cooling, FTIR data, SAXS and WAXD 

patterns suggest the presence of a stacked lamellar crystal structure, which is 

preferentially oriented into MD (see Figures 6.2 and 6.7). In addition, the impossibility 

to tear these samples along TD suggests that the size of the shish is much larger in 

comparison with those for the films casted under N-AFR. Furthermore, a very low 

elongation at break along TD for the films subjected to air cooling is an indication that 

the spherulitic crystalline structure does not exist or is present in a very small quantity. 

This is confirmed by the SEM results shown in Figure 6.10c. Hence, as depicted in 

Figure 6.14b, a uniform shish-kebab structure for the films produced under air cooling is 

expected. The cast films having this structure can be easily torn along MD. However, as 

sketched in Figure 6.14b, because of the presence of the long shishs, tearing along TD is 

impossible and the tearing direction always deviates to MD. As described before, under 

air cooling conditions, the variation of Tcast does not noticeably affect the shish-kebab 

structure. 

Based on FTIR results for the orientation of the amorphous phase (see Figure 6.3), 

circles in Figures 6.14a and b also reveal the proposed structure for the amorphous 

region of films made without and upon air cooling, respectively. By applying air 
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Fig. 6.14 Proposed pictograms of the molecular structure for: a) no air cooled cast films and b) 
air cooled cast films (the solid lines represent the tear path along MD and the dash lines show the 
tear path along TD). 



137 

cooling, the extruded film temperature at the die exit decreases and, as a consequence, 

the applied stress on the polymer chains increases. This yields some local organization 

in the amorphous phase, which is responsible for its higher orientation. 

In the following section, justifications regarding the roles of air cooling and drum 

temperature on the final crystal microstructures are presented. The orientation and 

morphological differences are believed to originate from the rheological characteristics 

and crystallization kinetics. It is well known that temperature has a crucial effect on the 

relaxation time of polymer chains as well as on the crystallization rate. In order to 

consider the effects of temperature on the applied stress and relaxation time of the 

molecules, linear dynamic rheological measurements were carried out. Figure 6.15 

reports the weighted relaxation spectra for different melt temperatures using the NLREG 

(non linear regularization) software [27] (the vertical dash lines represent the range of 

frequencies covered during the experiments). We considered the characteristic relaxation 

time, Xc, corresponding to the peak of the curves. From Figure 6.15, as temperature is 

decreased a longer relaxation time is observed (see the legend in figure). Assuming a 

linear velocity profile for the melt film between the die exit and cast roll nip and also 

assuming pure uniaxial flow in this region, the effective deformation rate based on the 

second invariant of the rate-of-deformation tensor was estimated to be around 65 s"1. The 

complex shear viscosities at 65 s" and for different temperatures were taken as estimates 

of the melt viscosity and their values are reported in the legend of Figure 6.15. 

Obviously, the lower the temperature the larger the viscosity, and consequently the 
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higher the applied stress. Hence, as air cooling is used, the melt temperature right at the 

exit of the die decreases and, as a consequence, the applied stress (or relaxation time) 

rises drastically. This promotes the number of shishs or nuclei sites, resulting in a 

noticeable increase of the probability for the formation of lamellae by the low molecular 

weight chains. 
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Fig. 6.15 Weighted relaxation spectra for different melt temperatures (the vertical dash lines 
represent the range of frequencies covered during the experiments). 

In general, the rate of crystallization is first controlled by nucleation and then by the 

growth and packing of the crystals [28]. In our case, the air cooling causes a large 

decrease in the extruded film temperature such that crystallization temperature of the 

resin is reached before the frost line is formed. This increases the number of nuclei sites 

resulting in a much faster crystallization rate. This fact, together with the intrinsic 

temperature effects on the relaxation time, as discussed above, determines a significant 
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coupling between temperature and flow, yielding to a novel highly oriented lamellar 

structure. In other words, the use of air cooling in addition to chill rolls in the cast film 

process helps flow induced crystallization to occur at lower temperatures. This will 

noticeably increase the number of shish or nuclei sites, and consequently the 

crystallization kinetics is promoted resulting in a well oriented shish-kebab structure. 

To produce microporous membranes by the stretching technique, precursor films 

with an adequate orientation and alignment of the crystal lamellae are needed [9,18]. In 

this study, the effects of microstructure differences of the PP cast films on the 

microporous membranes morphology and water vapor transmission rate were 

investigated. Three consecutive stages were carried out to obtain porous membranes: 

cast or precursor film formation, annealing, and stretching in two steps (cold and hot). 

During cold stretching, the pores were created whereas in the subsequent hot stretching 

they were enlarged. WAXD and FTIR measurements clearly showed that cooling 

drastically enhanced orientation of crystal lamellae in the precursor films; hence, a 

microporous membrane with more pore density and better tortuosity is expected as air 

cooling is utilized. 

Figure 6.16 presents SEM micrographs of the surface of the fabricated membranes. 

Very thick lamellae, non uniform pores and a small amount of pores for the porous 

membrane obtained from the no air cooled film is observed (Figure 6.16a). However, for 

the membrane prepared from the cast film subjected to a small air cooling rate, the 

number of pores noticeably increase and more uniform pore sizes and a better 
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morphology are observed as well (Figure 6.16b). Note more and thinner lamellae appear 

for the latter compared to the former, supporting the previous results. 

(a) (b) 
Fig. 6.16 SEM micrographs of the surface of the films obtained at: a) N-AFR and b) L-AFR; 
Tcast=l20 °C and DR=75, cold stretching of 35%, followed by hot stretching of 55%. MD f and 
TB-> 

Figure 6.17 presents the water vapor transmission rates (WVTR) of the produced 

microporous membranes. Small WVTR were recorded for the no air cooled samples 

produced at different cast roll temperatures. However, interestingly, the WVTR 

increased by a factor of 20 when the film surface was subjected to a low air flow, which 

is attributed to the formation of more pores, higher porosity, and better interconnection 

between the pores. Compared to the sample prepared at L-AFR, further increases of the 

air cooling rate (i.e. at M-AFR and H-AFR), did not significantly increase the 

permeability was (see the inset of Figure 6.17), indicating that more air cooling does not 

dramatically influence the lamellar structure, in accordance with the previous results 

(see Figures 6.2-6.8). 
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Fig. 6.17 Water vapor transmission rate (WVTR) as a function of cast roll temperature. The 
inset is a plot of WVTR as a function of air flow rate condition for rcast=120 °C. 

6.4 Conclusions 

In this work, we have investigated the structure of polypropylene cast films made under 

different air cooling conditions, chill roll temperatures, and draw ratios. Our findings can 

be summarized as follows: 

• In the cast film process, air cooling and cast roll temperature had a crucial role on the 

orientation of the crystalline as well as the amorphous phases. 

• Increasing the draw ratio increased the crystal orientation (Fc), and a stronger effect 

of the draw ratio on Fc was observed by applying air cooling. 
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• The use of a low air cooling rate contributed significantly to the perfection of the 

crystalline phase, while further increasing of air cooling did not noticeably affect the 

crystal structure. 

• Significant increases of the Young modulus, yield stress, tensile strength, and tensile 

toughness along MD, and dramatic decreases of elongation at break along TD were 

observed as air cooling was applied. These were explained by a better molecular 

and crystal orientation for air cooled cast films. 

• For films produced without air cooling and at high roll temperature, coexisting 

lamellae and spherulites were observed. In contrast, an ordered stacked lamellar 

structure was seen for the films subjected to a low air cooling. 

• Better orientations of the crystalline and amorphous phases for the air cooled films 

were attributed to the larger relaxation time and faster flow induced crystallization. 

Applying air cooling in addition to the use of cast rolls helped flow induced 

crystallization to occur at lower temperatures. This noticeably increased the 

crystallization kinetics, resulting in a well oriented shish-kebab structure. 

• Microporous membranes having high pore density, large porosity, and high water 

vapor permeability were obtained by lamellae separation for cast films prepared 

using air cooling. 
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CHAPTER 7 

Microporous Membranes Obtained from PP/HDPE 

Multilayer Films by Stretching3 

Seyed H. Tabatabaei, Pierre J. Carreau, and Abdellah Ajji 

CREPEC, Chemical Engineering Department, Ecole Poly technique, C.P. 6079, Succ. 
Centre ville Montreal, QC, H3C 3A7 Canada 

Abstract 

Polypropylene/high density polyethylene (PP/HDPE) multilayer as well as monolayer 

films were prepared to develop microporous membranes using cast film extrusion 

followed by stretching. The effects of draw ratio (DR), cooling air flow rate (AFR), and 

annealing on the crystalline structure and orientation of the monolayer and components 

in the multilayer films were investigated using wide angle X-ray diffraction (WAXD) 

and Fourier transform infrared (FTIR). Annealing and high DR and AFR enhanced the 

crystal alignments significantly. However, the orientation of the PP and HDPE in the 

multilayer film was slightly lower compared to the monolayer films. The amount of 

lamellae formation, long period spacing (Lp), and lamellae thickness (lc) were obtained 

via small angle X-ray scattering (SAXS). A significant influence of annealing on Lp and 

3 Submitted to Polymer 
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lc was observed for the PP. The row-nucleated lamellar crystallization and 

transcrystallization observed in the surface and cross-section of the films, respectively, 

are discussed. Scanning electron microscopy (SEM) images of the membrane surface 

and cross-section obtained for the cold and hot stretch ratios of 55% and 75%, 

respectively, showed larger pores and higher porosity for the HDPE layer compared to 

the PP. As the level of the applied extension during cold stretching increased, the water 

vapor transmission rate (WVTR) of the HDPE monolayer improved while the effect was 

inversed for the PP single layer. In addition, compared to the monolayer membranes, the 

multilayer ones showed smaller WVTR. Tensile properties of the precursor films and 

microporous membranes in the machine and transverse directions (MD and TD, 

respectively) as well as puncture resistance in the normal direction (ND) were evaluated. 

7.1 Introduction 

Microporous membranes are commonly used in separation processes such as battery 

separators and medical applications to control the permeation rate of chemical 

components. Due to the wide range of chemical structures, optimum physical properties, 

and low cost of polymers, they are the best candidates for the fabrication of microporous 

membranes. 

Commercially available lithium battery separators are made from polyolefins such 

as polypropylene (PP) and polyethylene (PE). These materials are compatible with the 

cell chemistry and can be used for many cycles without significant degradation in 
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properties [1]. Lithium (Li) batteries will generate heat if accidentally overcharged. 

Separator shutdown is a useful safety feature for restricting thermal reactions in Li-

batteries [1,2]. Shutdown occurs close to the melting temperature of the polymer, 

leading to pores collapse and restricting passage of current through the cell. PP 

separators melt around 160 °C whereas PE separators have shutdown temperature 

between 120 and 130 °C. If in a battery, the heat dissipation is slow, even after 

shutdown, the cell temperature may continue to increase before starting to cool [1]. 

Recently, manufacturers have started producing trilayer separators where a porous PE 

layer is sandwiched between two porous PP layers. In such a case, the PE layer has 

lower shutdown temperature while PP provides the mechanical stability at and above the 

shutdown temperature [1]. 

Three commercially available processes are used for making microporous 

membranes: solution casting (also known as extraction process), particle stretching, and 

dry-stretching [3]. In the extraction process, the polymeric raw material is mixed with a 

processing oil or plasticizer, this mixture is extruded and the plasticizer is removed 

through an extraction process [4]. In the particle stretch process, the polymeric material 

is mixed with particles, this mixture is extruded, and pores are formed during stretching 

at the interface of the polymer and solid particles [5]. Costly processes and difficulties in 

dealing with solvent and particle contaminations are main drawbacks of such methods. 

However, the dry-stretch process is based on the stretching of a polymer film containing 

a row-nucleated lamellar structure [6]. Three consecutive stages are carried out to obtain 
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porous membranes by this technique: 1) creating a precursor film having a row-

nucleated lamellar structure through shear and elongation-induced crystallization of the 

polymer having proper molecular weight and molecular weight distribution, 2) annealing 

the precursor film at temperatures near the melting point of the resin to remove 

imperfections in the crystalline phase and to increase lamellae thickness, and 3) 

stretching at low and high temperatures to create and enlarge pores, respectively [6,7]. 

In fact, in this process, the material variables as well as the applied processing 

conditions are the key parameters that control the structure and the final properties of the 

fabricated microporous membranes [6]. The material variables include molecular 

weight, molecular weight distribution, and chain structure of the polymer. These factors 

mainly influence the row-nucleated structure in the precursor films in the first step of the 

formation of microporous membranes. According to Sadeghi et al. [8,9], molecular 

weight was the main material parameter that controlled the orientation of the row-

nucleated lamellar structure. The resins with high molecular weight developed larger 

orientation and thicker lamellae than those with low molecular weight. In our recent 

study [10], the addition of up to 10 wt% of a high molecular weight component to a low 

molecular weight resin enhanced the formation of the row-nucleated structure due to an 

increase in the nucleating sites. In Sadeghi et al. [11], a superior permeability was 

obtained by adding a small amount of a long-chain branched polypropylene (LCB-PP) to 

a linear polypropylene (L-PP). Recently [12], we investigated the effects of process 

conditions such as draw ratio (DR), air flow rate (AFR), and cast roll temperature on the 
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structure of PP cast films and microporous membranes. A significant enhancement in 

orientation was observed by applying air cooling and increasing DR. An ordered stacked 

lamellar structure was seen for the films subjected to low air cooling whereas the films 

produced without air cooling showed a spherulitic structure. 

There are two main industrial processes for the production of films: film blowing 

and cast film extrusion. It is well known that the thickness variation in blown films are 

considerably greater compared to cast films. For the preparation of porous membranes, 

obtaining a precursor film with good thickness uniformity is strongly recommended 

since any non uniformity causes irregularities in the stress distribution in the following 

stretching process. In addition, compared to film blowing, cast film process has more 

flexibility in the supply of air cooling from both sides, leading to a more uniform 

lamellar structure in both surfaces. 

Although a few authors have investigated the formation of porous membranes from 

polypropylene and high density polyethylene single layer films, no study has been 

performed on development of multilayer membranes using cast film process. In this 

study, following our previous studies [10,12] and the ones conducted by Sadeghi et al. 

[8,9,11] on monolayer PP, we investigate the fabrication of microporous PP/HDPE/PP 

trilayer membranes using the cast film process. The role of process parameters and 

annealing on the shear and/or elongation-induced crystallization and orientation 

developed in the monolayer as well as the components in the multilayer cast films are 

examined and discussed. A detailed investigation of the structure, particularly in the 
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cross-section, and performances of the trilayer microporous membranes has been carried 

out. In addition, the influence of the applied extension during the stretching steps is 

considered. 

7.2 Experimental 

7.2.1 Materials 

A commercial linear polypropylene (PP) and a commercial high density polyethylene 

(HDPE) were selected. PP5341E1 was supplied by ExxonMobil and had a melt flow rate 

(MFR) value of 0.8 g/lOmin (under ASTM D1238 conditions of 230 °C and 2.16 kg). 

HDPE 19A was provided by NOVA Chemicals and had an MFR value of 0.72 g/lOmin 

(under ASTM D1238 conditions of 190 °C and 2.16 kg). The main characteristics of the 

resins are shown in Table 7.1. The molecular weight (Mw) and polydispersity index 

(PDI) of the HDPE was supplied by company and that of the PP was measured using a 

GPC (Viscotek model 350) with 1,2,4-Trichlorobenzene (TCB) as a solvent at a column 

temperature of 140 °C. The melting point, Tm, and crystallization temperature, Tc, of the 

resins obtained from differential scanning calorimetry at a rate of 10 °C/min are also 

reported in Table 7.1. 
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Table 7.1 Main characteristics of neat polymers. 

Resin code Company MFR ^ MJMn Tm (°C) Tc (°C) 

PP5341E1 ExxonMobil „™o™,* , 361 2.7 162 112 
ZJU C/Z.IOKg 

HDPE 19A NOVA Chemicals 0.72 126 7.8 129 118 
190°C/2.16kg 

7.2.2 Rheological characterization 

Dynamic rheological measurements were carried out using a Rheometric Scientific 

SR5000 stress controlled rheometer with a parallel plate geometry of 25 mm diameter 

and a gap equal to 1.5 mm at the temperature of 190 °C under nitrogen atmosphere. 

Molded discs of 2 mm thick and 25 mm in diameter were prepared using a hydraulic 

press at 190 °C. Prior to frequency sweep tests, time sweep tests at a frequency of 0.628 

rad/s and 190 °C were performed for two hours to check the thermal stability of the 

specimens. No degradation (less than 3% changes) was observed for the duration of the 

frequency sweep measurements. Complex viscosity and weighted relaxation spectrum in 

the linear viscoelastic regime were determined in the frequency range from 0.01 to 500 

rad/s. In order to obtain more accurate data, the frequency sweep test was carried out in 

four sequences while the amount of applied stress in each sequence was determined by a 

stress sweep test. 
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7.2.3 Film and membrane preparation 

The cast films were prepared using an industrial multilayer cast film unit from Davis 

Standard Company (Pawcatuck, CT) equipped with a 2.8 mm opening and 122 cm width 

slit die and two cooling drums. The extrusion was carried out at 220 °C and the distance 

between the die exit to the nip roll was 15 cm. The die temperature was set at 220 °C and 

draw ratios of 60, 75, and 90 were applied. An air knife with dimensions of 3 mm 

opening and 130 cm width was mounted close to the die to provide air to the film 

surface right at the exit of the die. The variables of interest were draw ratio and amount 

of air flow. The films were produced under chill roll temperature of 50 °C. The air 

cooling rates used were 1.2 and 12 L/s. These air cooling conditions are noted as: low air 

flow rate (L-AFR) and high air flow rate (H-AFR), respectively. 

For the membrane fabrication, the precursor films with thickness, width, and length of 

32 urn, 46 mm, and 64 mm, respectively, were used. The films were first annealed at 

120 °C for 30 min and then cold and hot stretched at 25 °C and 120 °C, respectively. 

Both annealing and stretching were performed in an Instron tensile machine equipped 

with an environmental chamber. Drawing speeds of 500 mm/min and 25 mm/min were 

applied during cold and hot stretching steps, respectively. 

7.2.4 Film and membrane characterization 

Thermal analysis: Thermal properties of specimens were analyzed using a TA 

instrument differential scanning calorimeter (DSC) Q 1000. The thermal behavior of 
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films was obtained by heating from 50 to 220 °C at a heating rate of 10 °C/min. The 

reported crystallinity results were obtained using a heat of fusion of 209 and 280 J/g for 

fully crystalline PP and HDPE, respectively [13,14]. 

Fourier transform infrared spectroscopy (FTIR): For FTIR measurements, a Nicolet 

Magna 860 FTER instrument from Thermo Electron Corp. (DTGS detector, resolution 2 

cm-1, accumulation of 128 scans) was used. The beam was polarized by means of a 

Spectra-Tech zinc selenide wire grid polarizer from Thermo Electron Corp. The 

measurement is based on the absorption of infrared light at certain frequencies 

corresponding to the vibration modes of atomic groups present within the molecule. In 

addition, if a specific vibration is attributed to a specific phase, the orientation within 

that phase can be determined [8]. If the films are oriented, the absorption of plane-

polarized radiation by a vibration in two orthogonal directions, specifically parallel and 

perpendicular to a reference axis (MD), should be different. The ratio of these two 

absorption values is defined as the dichroic ratio, D [8]: 

where A^ is the absorption parallel and AL is the absorption perpendicular to a specific 

reference axis. The Herman orientation function of this vibration is obtained according 

to [8]: 

D + 2 (7.2) 
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For polypropylene, absorption at the wavenumber of 998 cm" is attributed to the 

crystalline phase (c-axis) while that at 972 cm"1 is due to the contribution of both 

crystalline and amorphous phases. From the former absorption, the orientation of the 

crystalline phase, Fc, can be determined while from the latter, the average orientation 

function, Favg, is obtained. The orientation of the amorphous phase, Fa, can then be 

calculated according to: 

Fa = I F +(l-X )F (7.3) 
avg c c \ c } a v / 

where Xc is the degree of the crystallinity. 

For polyethylene, absorption at the wavenumber of 730 cm"1 is attributed to the a-

axis of the unit crystal cell while absorption at the wavenumber of 720 cm"1 is due to the 

b-axis. The similarity of the normal (N) and transverse (T) spectra confirmed that the 

orientation is mostly uniaxial [15]. In such a case, it is not necessary to use the tilted film 

technique. The orientation function of the a- and &-axes could be obtained from Eq. 7.2 

while that of the c-axis orientation is calculated according to the orthogonality equation: 

Fa+Fh+Fc=0 (7.4) 

X-ray diffraction: XRD measurement was carried out using a Bruker AXS X-ray 

goniometer equipped with a Hi-STAR two-dimensional area detector. The generator was 

set up at 40 kV and 40 mA and the copper CuKoc radiation (A = 1.542 A0) was selected 

using a graphite crystal monochromator. The sample to detector distance was fixed at 

9.2 cm for wide angle diffraction and 28.2 cm for small angle X-ray scattering analysis. 



156 

To get the maximum diffraction intensity several film layers were stacked together to 

obtain the total thickness of about 2 mm. 

Wide angle X-ray diffraction (WAXD) is based on the diffraction of a 

monochromatic X-ray beam by the crystallographic planes (hkl) of the polymer 

crystalline phase. Using a pole figure accessory, the intensity of the diffracted radiation 

for a given hkl plane is measured as the sample is rotated through all possible spherical 

angles with respect to the beam. This gives the probability distribution of the orientation 

of the normal to hkl plane with respect to the directions of the sample. 

The Herman orientation function Fy of a crystalline axis i with respect to a 

reference axis j is given by [16]: 

O c o s ^ . - l ) 
F . = 

2 (7.5) 

where <|)y is the angle between the unit cell axes i (a, b, or c) and the reference axis j . 

The Herman orientation functions were derived from the 110 and 040 pole figures for 

the PP and the 110 and 200 pole figures for the HDPE. Details about the calculations for 

PP can be found in Sadeghi et al. [8]. For the HDPE, since the a-axis of the unit cells is 

perpendicular to the 200 plane, its orientation relative to the machine direction can be 

measured directly as follow: 

3cos2(l)200-l 

On the other hand, Fc (orientation of the c-axis) with respect to MD is determined by the 

combination of data of two planes for the HDPE, which are 110 and 200 [16]: 
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cos2(()c =l-1.435cos2(|)110 -0.565cos2 (|)200 (7.7) 

The orientation parameter for the b-axis can be calculated from the orthogonality 

relation: 

cos2(|)fe =l-cos2(()a-cos2())c (7.8) 

The orientation factors from WAXD are mainly due to the crystalline part, therefore 

no information about the orientation of the amorphous phase can be obtained. Small 

angle X-ray scattering (SAXS) was used to compare the level of the lamellae formation 

for the different samples and to estimate the long period between lamellae. 

Mechanical analysis and puncture resistance: Tensile tests were performed using an 

Instron 5500R machine equipped with an environmental chamber for tests at high 

temperature. The procedure used was based on the D638-02a ASTM standard. Puncture 

tests were performed using a 10 N load cell of the Instron machine used for the tensile 

tests. A needle with 0.5 mm radius was used to pierce the samples. The film was held 

tight in the camping device with a central hole of 11.3 mm. The displacement of the film 

was recorded against the force and the maximum force was reported as the puncture 

strength. Strain rates of 50 mm/min and 25 mm/min were utilized during tensile and 

puncture tests, respectively. 

Morphology: To clearly observe the crystal arrangement of the precursor films, an 

etching method was employed to remove the amorphous part. The films were dissolved 

in a 0.7% solution of potassium permanganate in a mixture of 35 vol% of 
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orthophosphoric and 65 vol% of sulphuric acid. The potassium permanganate was 

slowly added to the sulphuric acid under rapid agitation. At the end of the reaction time, 

the samples were washed as described in Olley and Bassett [17]. 

A field emission scanning electron microscope (FE-SEM- Hitachi S4700) was employed 

for the observation of the etched precursor films and microporous membranes surfaces 

as well as cross-sections. This microscope provides high resolution of 2.5 nm at a low 

accelerating voltage of 1 kV and high resolution of 1.5 nm at 15 kV with magnification 

from 20x to 500kx. 

Water vapor transmission: The permeability to water vapor was measured via a 

MOCON PERMATRAN-W Model 101K at room temperature. It is composed of three 

chambers: an upper chamber containing liquid water and separated from the center 

chamber by two porous films. Water vapor diffuses from the first film to fill the space 

between the films to reach 100% relative humidity (RH). The center chamber is 

separated from the lower one by the test film. The diffused vapor is swept away by N2 

gas to a relative humidity (RH) sensor. 

BET measurement: To obtain the surface area of the membranes, a Micromeritics, 

BET Tristar 3000 was used. A nitrogen and helium gas mixture was continuously fed 

through the sample cell, which was kept at liquid nitrogen temperature. At different 

pressures, the total volume of nitrogen gas adsorbed on the surface was measured. The 

volume of gas needed to create an adsorbed monomolecular layer was calculated as 

follows [18]: 
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1 +H1- (7.9) 
nva-p)) v-c y~cP' 

where P is the experimental pressure, P° is the saturation pressure, V is the volume of 

the adsorbate, Vm is the volume of gas required to form an absorbed monomolecular 

layer, and c is a constant. The procedure for estimating the surface area from Eq. 7.9 can 

be found elsewhere [19]. 

7.3 Results and discussion 

7.3.1 Rheological and film characterization 

The complex shear viscosities as a function of frequency for the resins are shown in 

Figure 7.1. The PP reveals larger viscosity compared to the HDPE in the Newtonian 

region (low frequencies) while the data cross over in the power-law region (high 

frequencies). It is well known that for the production of multilayer films the viscosity of 

the neat polymers should be close to each other in order to prevent instabilities and non 

uniformities at the interface. In our case, the viscosities of the PP and HDPE are nearly 

identical at the processing deformation rates (large frequencies). The inset in Figure 7.1 

compares the weighted relaxation spectra of the resins evaluated from dynamic moduli 

(G', G", (o) using the NLREG (non linear regularization) software [20] (the vertical dash 

lines represent the range of frequencies covered during the experiments). The area under 

the spectrum curve represents the zero-shear viscosity of the melt and as expected is 
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larger for the PP compared to the HDPE. By considering the characteristic relaxation 

time, Xc, corresponding to the peak of the curves, it can be seen that the HDPE exhibits 

slightly larger relaxation time than the PP. 
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Fig. 7.1 Complex viscosity as a function of angular frequency; T=190 °C. The inset is weighted 
relaxation spectra for the resins (the vertical dash lines represent the range of frequencies 
covered during the experiments). 

Figure 7.2 presents the DSC heating thermograms for the PP and HDPE monolayer 

films as well as their multilayer film. The PP and HDPE exhibit melting peaks around 

162 °C and 129 °C, respectively, whereas the multilayer film shows two melting peaks at 

the same temperatures as the single layers. The PP monolayer film prepared under 

DR=90 and H-AFR showed a crystallinity of 44.2% and the HDPE monolayer film 

produced under the same conditions had a crystallinity of 74.0%. The crystallinities of 
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the components in the multilayer film were slightly lower than that measured for the 

monolayer films. 
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Fig. 7.2 DSC heating thermograms for single layers as well as multilayer films; DR=90 and H-
AFR. 

To produce microporous membranes by the stretching technique, precursor films 

with an adequate orientation and alignment of the crystal lamellae are needed [9,10]. 

The higher the crystalline alignment in the precursor, the better is expected the lamellae 

separation and, as a consequence, the larger the porosity and permeability of the 

microporous membranes. In this study, the roles of draw ratio (DR), cooling air flow rate 

(AFR), and annealing on the crystalline alignments of single layer films as well as the 

components in a multilayer film are probed using WAXD and FTIR. 
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From literature, in PE, two major types of crystallization can occur depending on 

the magnitude of stress in flow [21]: low stress produces kebabs in the form of twisted 

ribbons resulting in off-axis 110 and meridian 200 diffractions. In contrast, high stress 

produces flat kebabs (planar crystal structure) leading to the appearance of equatorial 

110 and 200 diffractions. When the magnitude of flow is in-between, an intermediate 

arrangement is formed, resulting in off-axis 200 and 110 diffractions [21]. However, PP 

under flow usually generates planar lamellar morphology with less dependence on the 

flow magnitude [12]. 

The WAXD patterns as well as the diffraction intensity profiles for the PP and 

HDPE shown in Figure 7.3 reveal four and two diffractions, respectively, corresponding 

to the indicated crystallographic planes. As described earlier, for the PP, the 110 and 040 

crystalline planes and for the HDPE, the 110 and 200 crystalline planes were used to 

obtain the orientation of the unit crystal cell axes (a, b, and c) with respect to MD, TD, 

and ND. However, due to overlapping of the 111 crystalline plane of PP and both 110 

and 200 crystalline planes of HDPE, WAXD cannot be employed for the orientation 

measurement of the HDPE phase in the multilayer film. FTIR compensates this 

disadvantage of WAXD, since the infrared absorption peaks for PP and HDPE are quite 

distinct. 
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Fig. 7.3 2D WAXD patterns and diffraction spectrum with integration through the circles for PP 
and HDPE monolayer films; DR=90 and H-AFR. 

Figure 7.4 demonstrates the effect of AFR, DR, and annealing on the diffraction 

patterns as well as on the pole figures of the PP and HDPE monolayer films and the PP 

in the trilayer film. The normal to the 110 plane is the bisector of the a and b axes and 

040 and 200 are along the b-axis and a-axis of unit crystal cells, respectively [16]. From 

the WAXD patterns of the PP monolayer (Figure 7.4a), it is clear that by increasing DR 

and AFR or annealing, the arcs become sharper and more concentrated in the center, 

implying more orientation. The pole figures of the PP single layer obtained at DR=60 

and L-AFR reveal slight orientations of the 110 and 040 planes in MD and ND, 

respectively. The PP precursor produced under DR=60 and H-AFR shows significant 

orientation of the 110 plane along TD. In addition, increasing DR (i.e. DR=90) improves 

the orientation of the 110 plane along TD and that of the 040 plane (&-axis) is aligned in 
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both TD and ND. Furthermore, annealing causes the 110 plane to be more aligned in 

TD. Similar trends for the influences of DR, AFR, and annealing on the crystalline 

alignment of the PP component in the trilayer film are observed (Figure 7.4b). However, 

the 110 plane of the PP in the multilayer made at DR=60 and H-AFR has not moved into 

TD, indicating less orientation than the PP monolayer produced under the same 

conditions. A less alignment of the PP in the multilayer compared to that in single layer 

is also observed for the films produced under high DR (i.e. DR=90) and for the annealed 

ones and this will be discussed later. The four off-axes arcs for the 110 plane of the 

HDPE are observed in Figure 7.4c that is a typical behavior of the twisted lamellar 

structure of PE where the a-axis rotates around the b-axis, resulting in the rotation of the 

reciprocal vector of the 110 plane. The pole figures of the HDPE single layer obtained at 

DR=60 and L-AFR shows a significant orientation of the 200 plane (a-axis) along MD 

and that of the 110 plane along both TD and ND. Increasing air cooling to the films 

surface (i.e. H-AFR) improves orientation of the 110 plane along TD and reduces the 

alignment of the 200 plane along MD drastically. Additionally, increasing DR and 

annealing slightly enhance the orientation of the crystallographic planes of the HDPE 

monolayer. As mentioned previously, to determine the orientation of the HDPE phase in 

the multilayer film, an FTIR technique was used and the results are discussed in the 

following paragraph. However, before presenting the results, it should be mentioned that 

the orientation functions for the HDPE single layer obtained using FTIR were slightly 
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Fig. 7.4 2D WAXD patterns and pole figures for films obtained under different DR, AFR, and 
annealing: a) PP monolayer, b) PP in multilayer, and c) HDPE monolayer. Annealing was 
performed at 120 °C for 30 min. 



166 

larger than the ones from WAXD pole figures. These discrepancies in the values of 

measured c-axis orientation may be due to different factors such as peak deconvolution, 

contributions of the amorphous phase, etc. as discussed for PE and PP elsewhere 

[22,23]-

The orientation features, in terms of cos2 ((j)) of the crystalline axes (i.e. a, b, and c) 

along MD, TD, and ND obtained from the Herman orientation function for the PP and 

HDPE single layers as well as the components in the multilayer film are presented in 

Figure 7.5. As expected, the c-axis orientation characteristics along MD (Figure 7.5a) 

improve by increasing AFR and DR or by annealing. In addition, obviously, the c-axis 

alignment of the HDPE (both in the monolayer and multilayer) is significantly lower 

than that of the PP and also the c-axis orientation along MD of the PP and HDPE in the 

multilayer is lower than in the monolayer made under the same conditions, in 

accordance with the results discussed in Figure 7.4. As reported above, the HDPE has 

much higher crystallinity and larger heat of fusion compared to the PP, resulting in a 

large heat release during its crystallization. This can explain lower orientation of the PP 

component in the trilayer than the PP monolayer. Looking at the orientation 

characteristics of the a-axis (Figure 7.5b), significant orientation of this axis along MD 

is seen for the HDPE whereas the PP shows much lower values, confirming the presence 

of a different row-nucleated lamellar crystal morphology in the HDPE compared to the 

PP. As pointed out earlier, the large alignment of the a-axis along MD is a typical 

behavior of the twisted lamellar morphology. However, it should be noted that 
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orientation of the a-axis along MD decreases drastically by increasing AFR and DR. 

This implies the presence of an intermediate structure between twisted and flat kebabs 

for HDPE, which was supported by the appearance of off-axis equatorial 110 and 200 

diffractions in their WAXD patterns as well as pole figures (see Figure 7.4c). The 

orientation characteristics of the b-axis along MD are very small for both the PP and 

HDPE (Figure 7.5c) and do not change drastically with the process conditions. 

Figure 7.6 illustrates the SAXS patterns as well as the Lorentz corrected intensity 

profile for the precursor and annealed single layer films of the PP and HDPE obtained at 

DR=90 and H-AFR. The equatorial streak in the SAXS patterns is attributed to the 

formation of the shish, while the meridian maxima are attributed to the lateral lamellae 

or kebabs [24]. Looking at the meridian intensity, the formation of more lamellae for the 

HDPE is obvious. In addition, it is clear that the contribution of the shish to the 

crystalline phase is much less than that of lamellae, confirming the results of Somani et 

al. [25] for PE and PP. The long period distance, Lp, was estimated from the position of 

the Lorentz corrected intensity maxima, as demonstrated in Figure 7.6 (Lp=2%lqmax 

where q is the intensity vector, <7=4n;sin0A,,). Annealing shifts the peak of the PP 

precursor to lower values, indicating an increase of the long period spacing. However, 

annealing does not impact the peak position of the HDPE, implying that Lp remains 

mainly unchanged. The lamellae thickness, lc, could be calculated by multiplying Lp by 

the crystalline fraction (see the legend in figure). The values of Lp and lc for the PP 

precursor film are much smaller than those for the HDPE and increase with annealing. 
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Fig. 7.6 Lorentz corrected SAXS intensity profiles for precursor and annealed PP and HDPE 
films. Annealing was performed at 120 °C for 30 min; DR=90 and H-AFR. 

Differences in the crystal structure and arrangement of the precursor films can be 

clearly visualized from SEM surface images of the etched films (etching removes the 

amorphous region), as demonstrated in Figure 7.7. A uniform and ordered stacked 

lamellar structure and a uniform twisted lamellar morphology are seen for the PP and 

HDPE films, respectively (higher magnification images are shown on the right), 

confirming the XRD results of Figures 7.4 and 7.5. 

It is well established that the structure of the crystalline phase strongly influences 

the mechanical properties of films. Zhang et al. [26] studied the microstructure of 

LLDPE, LDPE, and HDPE blown films and showed that the type of oriented structure 

was greatly dependent on the type of polyethylene as well as on the processing 
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conditions. In our previous study [12], significant increases in the Young modulus, yield 

stress, tensile 

Fig. 7.7 SEM micrographs of the surface of the etched precursor films: a) PP and b) HDPE. The 
right images are high magnification micrographs of the left ones; DR=90 and H-AFR. MD T and 
TD-> 

strength, tensile toughness along MD and a drastic decrease in the elongation at break 

along TD were observed for polypropylene cast films subjected to air cooling. Table 7.2 

reports the results on the mechanical properties of the films along MD and TD for 

DR=60 and 90. All the properties improve along MD and elongation at break along TD 

reduces with increasing DR, due to better crystal alignment. Additionally, it should be 

noticed that the mechanical properties of the trilayer films are between those of the 

monolayer films. 
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In general, blends of PP and HDPE are known to be immiscible systems. The 

interfacial morphology for the etched multilayer film is illustrated in Figure 7.8. Some 

transcrystallization zone around the interface can be easily distinguished; they are the PE 

Table 7.2 Mechanical properties of the cast films along MD and TD (the numbers in parentheses 
indicate the standard deviation of the measurements); H-AFR. 

PP-DR=60 

PP-DR=90 

HDPE-DR= 

HDPE-DR= 

=60 

=90 

Mechanical properties 

Young 

modulus 

(MPa) 

898.0 ( 35.5) 

956.5 ( 34.2) 

973.7 ( 90.0) 

1138.8 ( 69.8) 

along MD 

Tensile 

strength 

(MPa) 

46.7 (5.2) 

60.7 (3.3) 

51.0(1.5) 

51.7(2.3) 

Tensile 

toughness 

(MPa) 

106.7 ( 3.3) 

154.0(16.8) 

88.6 ( 4.2) 

96.0 ( 5.1) 

Strain 

at 

break 

4.0(0.1) 

3.7 (0.3) 

2.9(0.1) 

3.2 (0.2) 

Mechanical 

alonj 

Tensile 

strength 

(MPa) 

16.2(1.9) 

16.6(1.4) 

16.5(1.6) 

21.6(0.4) 

properties 

;TD 

Strain 

at break 

0.456(0.191) 

0.065 (0.005) 

0.014 (0.003) 

0.021 (0.002) 

PP/HDPE/PP-DR=60 920.0(85.2) 55.0(5.1) 140.4(20.0) 5.2(0.4) 

PP/HDPE/PP-DR=90 1037.3(126.0) 60.4(3.4) 164.5(18.9) 4.0(0.5) 

15.6(1.2) 0.024(0.003) 

18.7(3.0) 0.036(0.004) 

lamellae nucleated on the PP. In other words, crystallization of the PE overgrows at the 

interface. A transcrystalline layer is formed when a large number of nuclei are formed 

on an interface such that the crystallites are forced to grow normal to the interface and 

when a larger difference in crystallization temperature is present [26], which is the case 

between HDPE and PP (see Table 7.1). It should also be noted that at the interface, the 

HDPE lamellae penetrate into the PP phase. Some transcrystallization at the interface of 
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a PP and a LLDPE was moreover observed by Zhang and Ajji [23]. However, in that 

case, the LLDPE lamellae could not diffuse into the PP. This behavior was explained as 

due to the much lower crystallization temperature, Tc, of the LLDPE (i.e. 104 °C) than 

the PP (i.e. 112 °C) [26] that prevented the penetration of the LLDPE lamellae into the 

initially crystallized PP layer. However, in our case, Tc of the HDPE (i.e. 118 °C) was 

larger than that of the PP (i.e. 112 °C), hence the HDPE crystallites could diffuse inside 

the molten PP layer. 

Fig. 7.8 Interfacial morphology of etched PP/HDPE multilayer films at different magnifications; 
DR=90 and H-AFR. MD | and ND -> 

The produced precursor films should be annealed at a proper temperature before to 

be cold and hot stretched. As annealing is performed at a temperature that is above the 

onset of mobility in the crystalline structure (Ta), it is postulated that during annealing, 

the lamellae twist and orient perpendicular to the machine direction. Also, melting of 
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small lamellae and their recrystallization with better orientation can occur [10]. Our 

previous study [10] showed that annealing at 140 °C without extension was the optimum 

annealing condition for PP. However, because Tm of the HDPE is around 129 °C, the 

annealing temperature of the trilayer film should be lower than the HDPE melting point 

and above the alpha transition temperature, Ta, of the PP (raipp =110 °C obtained from 

the dynamic mechanical thermal analysis). Therefore, we selected 120 °C for annealing 

of the trilayer film. In order to be able to compare the results, the single layer precursor 

films were annealed at the same temperature. 

7.3.2 Membrane characterization 

Figure 7.9 presents SEM micrographs of the surface of the monolayer microporous 

membranes prepared at the cold and hot stretching extensions of 55% and 75%, 

respectively. The details about the optimum cold and hot stretching levels will be 

discussed later. The distribution of interlamellar tie chains in the precursor films may not 

be uniform [27]. Therefore, it is believed that the micropores are first developed in 

region with a small amount of tie chains. It is clear that the size of the pores in the 

HDPE microporous membrane is much greater than in the PP membrane. The longer 

interlamellar microfibrils (bridges) in the HDPE porous membrane compared to the PP 

porous membrane are believed to be due to the longer tie chains in the precursor film of 

the former. It should be mentioned that the surface morphology of the PP/HDPE/PP 

membrane (not shown) was somewhat similar to the surface structure of the PP 

monolayer exhibited in Figure 7.9. 
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Figure 7.10 illustrates SEM micrographs of the cross-section of the multilayer 

porous membrane. In Figure 7.10a, it is obvious that a porous HDPE layer has been 

sandwiched between two porous PP layers while the three layers have almost identical 

thicknesses. Figures 7.10b and 10c present the interface between the layers at different 

magnifications. Similar to the surface micrographs, it is clearly recognized that the 

HDPE layer has much larger pores than the PP layer. Additionally, a reasonable 

adhesion between the 

Fig. 7.9 SEM micrographs of the surface of microporous membranes (20 urn thick): a) PP and 
b) HDPE; DR=90, H-AFR, cold stretching of 55%, followed by hot stretching of 75%. MD | 
and TD -• 
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Fig. 7.10 SEM micrographs of the cross-section of trilayer microporous membranes (20 urn 
thick) at different magnifications; DR=90, H-AFR, cold stretching of 55%, followed by hot 
stretching of 75%. 

layers is seen, which can be explained by the transcrystallization and penetration of the 

HDPE lamellae into the PP layer observed in the cross-section image of the trilayer 

precursor film shown in Figure 7.8. 

Table 7.3 presents the mechanical properties along MD and TD as well as the 

puncture resistance along ND for the microporous membranes. Obviously, the porous 

membranes have nearby similar tensile responses in MD and, as expected, the tensile 

properties along TD are considerably smaller than in MD. However, the PP microporous 

membranes show a much lower strain at break along TD than that the HDPE and 

multilayer membranes. In addition, due to the presence of the elongated interlamellar 

microfibrils in the microporous membranes, a pronounced increase in the tensile 

strength and a drastic decrease in elongation at break are observed for the membranes 

compared to the precursor films (see Tables 7.2 and 7.3). The decrease in the modulus 
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for the membranes compared to the precursor films is possibly due to the lower 

interconnection between the lamellae in the membranes as a result of the tie chains 

pulled out during the pores formation. Also as shown by Table 7.3, the maximum 

piercing force is considerably larger for the PP membrane than the HDPE membrane, 

which can be explained by the smaller pores and lower porosity for the former. 

Therefore, it could be concluded that in the PP/HDPE/PP membranes, the side layers 

(i.e. PP) improve the puncture resistance drastically. 

7.3.3 Effect of cold and hot stretching 

In the preparation of porous membranes using the stretching technique, voids are formed 

by cold stretching and enlarged by subsequent hot stretching [6,7]. According 

Table 7.3 Mechanical properties of microporous membranes (20 urn thick). Annealing was 
performed at 120 °C for 30 min; DR=70, cold stretching of 55% followed by hot stretching of 
75% (the numbers in parentheses indicate the standard deviation of the measurements). 

Mechanical properties 

along MD 

Mechanical 

properties along TD 

Young Tensile 

modulus strength 

(MPa) (MPa) 

Strain 

at break 

Tensile 

strength 

(MPa) 

Strain 

at break 

PP 

HDPE 

335.0 ( 69.5) 119.0(25.1) 0.62(0.07) 

315.8 ( 39.9) 127.3(11.1) 0.79(0.14) 

PP/HDPE/PP 320.7 ( 46.0) 121.7(21.5) 0.82(0.09) 

10.9(1.5) 0.07(0.01) 

7.5 (0.2) 2.70 (0.36) 

11.1(1.0) 1.80(0.51) 

Normalized maximum 

force for piercing 

(N/u.m) 

0.14(0.02) 

0.08 (0.01) 

0.12(0.01) 

Johnson [7], the micro void morphologies produced via this method are a consequence 

of inter lamellar separation, which takes place at temperatures above Tg of the specific 
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semicrystalline polymers. Sadeghi et al. [9] found that the pores size of the cold 

stretched films obtained from the PP resins with distinct Mw did not vary significantly. 

However, a difference in the lamellae thickness was observed. Our previous study [10] 

showed that the water vapor transmission rate (WVTR) of the cold stretched PP films 

increased as the stretch ratio increased up to 30% while further stretching resulted in a 

reduction in WVTR. To find the optimum cold stretching extension for the present PP as 

well as the HDPE, cold stretching was carried out under predetermined levels of 

extension while the amount of hot stretching was kept constant. Figure 7.11 reports the 

WVTR values normalized (multiplied) by the membrane thickness as a function of 

applied extension for the PP and HDPE monolayer porous membranes. It is obvious that 

25% extension during cold stretching is not enough to initiate pores formation for the 

HDPE and PP. A monotonous increase in WVTR of the HDPE membranes was 

observed after further extension during cold stretching. In contrast, a significant 

enhancement in WVTR of the PP membranes was observed when 30% extension was 

applied while further stretching reduced the normalized WVTR. Additionally, it is clear 

that both the PP and HDPE have almost identical permeabilities at 55% cold drawing. 

Therefore, 55% was found to be the optimum cold stretching extension for the 

fabrication of the multilayer membranes. 
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Fig. 7.11 Normalized water vapor permeability for PP and HDPE membranes as a function of 
extension during cold stretching at 25 °C; DR=90, H-AFR, hot stretching of 75%. 

To clearly understand the reasons for the opposite extension dependence of the PP 

and HDPE in the first stretching step, we show in Figure 7.12 the stress-strain responses 

along MD during cold stretching as well as sketches illustrating the morphology 

evolution. The stress-strain response for the PP exhibits an elastic response at low 

deformations, plastic behavior at medium deformations, and strain hardening at high 

elongations. Compared to the PP, the HDPE displays a wider plastic deformation zone 

and a strain-hardening region with much lower slope. In the elastic region, the extension 

is not enough to initiate pores formation whereas in the plastic zone the lamellae begin 

to separate and an increased extension enlarges the pores size [14]. According to Zue et 

al. [28], for PP at low temperatures, as the chain mobility is relatively low, tie chains 

from entanglements may initiate fragmentation of neighboring crystal lamellae upon 
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stretching. In fact, in the strain-hardening zone, the load is transferred to the tie chains 

[29], hence the continuous increase in stress leads to lamellae fragmentation (see the 

sketches in Figure 7.12). In Figure 7.12, it is obvious that 35% extension is the onset of 

strain-hardening for the PP. Therefore cold stretching of the PP beyond 35% reduces the 

crystal alignment, yielding a lower permeability. However, due to the wider plastic 

region for the HDPE, possibly due to the longer tie chains than for the PP, increasing the 

level of extension monotonically promotes lamellae separation without breaking 

lamellae, resulting in an enhancement of WVTR with increasing elongation. To confirm 

these results, we moreover used BET to determine the pore volume and specific surface 

area of the membranes obtained for 35% cold stretching followed by 75% hot stretching. 

The results are presented in Figure 7.13. Obviously, at all the range of experimental 

pressure, the PP membrane adsorbed more nitrogen, indicating greater porosity for the 

PP membrane compared to the HDPE membrane. The specific surface area of 43.4 and 

19.3 m2/g were recorded for the PP and HDPE microporous membranes, respectively, 

supporting the better porosity for the PP membrane made at 35% cold stretching. 
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Fig. 7.12 Stress-strain behavior for annealed PP and HDPE during the cold stretching step; 
Annealing was performed at 120 °C for 30 min; DR=90, H-AFR. 
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Fig. 7.13 Nitrogen adsorption isotherms (77 K) measured by BET for PP and HDPE 
membranes. DR=90, H-AFR, cold stretching of 35%, followed by hot stretching of 75%. 
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Similar experiments (data not shown) were performed to investigate the influence 

of hot stretching level. In contrast to the cold stretching behavior of the PP, no maximum 

was observed when the cold drawn films were stretched to different hot stretch levels. 

The pores created in cold stretching are enlarged during the hot stretching step and 

consequently enhance WVTR. More flexibility of the lamellae at high temperatures can 

be a reason for the increase of pore size with increasing extension ratio. Figure 7.14 

illustrates the interfacial morphology of the multilayer film membrane prepared with a 

cold stretching of 55% followed by a hot stretching of 175%. This is 100% more total 

stretching than for the one shown in Figure 7.10. Very large pores, particularly for the 

HDPE, are seen and that can explain the improvement in WVTR by increasing hot 

stretching. The arrows in Figure 7.14 show the connection between interlamellar 

microfibrils and the lamellae in the HDPE layer. At such a high level of extension, it is 

clear that the microfibrils have been connected to the surrounded lamellae by bundles of 

small blocks. According to Yu [27], at high stretch levels, lamellae located at the end of 

the microfibrils break into small blocks and tilt along the stretching direction. 

Finally, the trilayer microporous membranes obtained at 55% cold extension 

followed by 75% hot extension showed WVTR values about 30% lower than the 

monolayer PP and HDPE obtained under the same conditions. This could be due to the 

presence of the interface and lower orientation of the PP and HDPE components in the 

multilayer film than the monolayer ones (see Figures 7.4 and 7.5). 
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Fig. 7.14 SEM micrographs of the cross-section of multilayer microporous membranes; DR=90, 
H-AFR, cold stretching of 55%, followed by hot stretching of 175% (the arrows indicate the 
connection of the HDPE interlamellar microfibrils to the lamellae). 

7.4 Conclusions 

In this work, we have investigated the structure and performances of microporous 

membranes made from monolayer and trilayer films of the PP and HDPE. Our findings 

can be summarized as follows: 

• Significant effects of cooling air flow rate (AFR), draw ratio (DR), and annealing on 

the crystal orientation of the PP and HDPE monolayer films as well as the 

components in the multilayer one were observed. 

• At low AFR, the HDPE showed a twisted lamellar morphology whereas at high AFR 

an intermediate structure between twisted and flat kebabs was detected. 
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• A transcrystallization of the HDPE lamellae penetrating into the PP at the interface of 

the multilayer films was observed and was explained by the difference in the resin 

crystallization temperature. 

• At high cold stretching extensions, the pore size and porosity of the HDPE 

membranes was much larger compared to those from the PP produced under the same 

conditions. This was attributed to the longer tie chains in the HDPE membranes 

compared to the PP. 

• Good adhesion at the interface of the porous multilayer membrane was attributed to 

the transcrystallization observed in the precursor film interface. 

• A pronounced increase in the tensile strength and drastic decreases in modulus and 

elongation at break along MD were observed for the membranes compared to the 

precursor films. 

• By increasing the applied extension during cold stretching, water vapor transmission 

rate (WVTR) monotonically rose for the HDPE while for the PP, WVTR first 

increased significantly and then decreased. 

• The trilayer microporous membranes showed a lower permeability than the 

monolayer membranes, possibly due to the presence of the interface as well as the 

lower orientation of the PP and HDPE components in the multilayer film compared to 

the monolayer films. 
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CHAPTER 8 

Structure and Properties of MDO Stretched Polypropylene4 

Seyed H. Tabatabaei, Pierre J. Carreau, and Abdellah Ajji 

CREPEC, Chemical Engineering Department, Ecole Poly technique, C.P. 6079, Succ. 
Centre ville Montreal, QC, H3C 3A7 Canada 

Abstract 

Two polypropylene cast films of different crystalline structures (one with coexisting 

small rows of lamellae and spherulites and the other with only a spherulitic structure) 

were prepared by extrusion. The produced cast films were uniaxially hot drawn at T = 

120 °C using a machine direction orientation (MDO) unit and the changes in structure 

and morphology were examined and related to barrier as well as tear and puncture 

properties. Structural changes in terms of the degree of crystallinity and crystal size 

distribution, orientation of the amorphous and crystalline phases, and the deformation 

behavior at the crystal lattice and lamellae scales were investigated using differential 

scanning calorimetry (DSC), Fourier transform infrared spectroscopy (FTIR), wide 

angle X-ray diffraction (WAXD), and small angle X-ray scattering (SAXS), 

respectively. A significant effect of the original crystal morphology on the alignment of 

the amorphous and crystalline phases was observed from FTIR and WAXD. The results 

4 Submitted to Polymer. 
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also revealed that the deformation behavior of the crystal structure was dependent on the 

draw ratio (DR). Our findings showed that by increasing DR the crystal lamellae first 

broke up and oriented along the drawing direction and then, at large DR, they were 

deformed and created a fibrillar structure. Morphological pictograms illustrating the 

effects of original morphology and draw ratio on the stretched film microstructure are 

proposed. The tear resistance along the machine direction (MD) decreased significantly 

with increasing DR whereas the puncture resistance increased drastically. Finally, the 

oxygen transmission rate (OTR) of the MDO stretched films could be correlated with the 

orientation parameters as well as the P-relaxation peak magnitude of the amorphous tie 

chains. 

8.1 Introduction 

Polypropylene is one of the most widely used polymers for the production of plastic 

films. Applications cover packaging to microporous membranes. There are two main 

industrial processes for the production of PP films: film blowing and cast film extrusion 

followed by stretching (above and below the melt temperature). Although the films 

obtained from both processes could have the same thicknesses, their properties such as 

mechanical and clarity could be quite different as a result of the differences in the 

process conditions. 

It is well known that uniaxial or biaxial drawing of the polymeric films such as 

polypropylene, polyester, polyketone, nylon, and ethyl vinyl alcohol can drastically 
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affect their properties, particularly mechanical, impact, barrier, and optical properties [1-

7]. 

The machine direction orientation (MDO) process is widely used for uniaxial 

stretching of polyethylene and polypropylene films. The MDO unit can be operated 

either in-line or off-line with extrusion and is controlled via variables such as: the 

distance between the draw rollers, draw ratio, drawing speed, drawing times (a film can 

be stretched many times), drawing temperature, and heat-setting conditions [1]. The 

stretching is usually performed at a high temperature, below the melt temperature of the 

polymer, and results in a highly oriented film that causes anisotropy in properties. The 

drawing process usually improves the strength and barrier properties, but brings some 

drawbacks such as a reduction of the tear resistance along the machine direction (MD) 

and a lowering of elongation at break along the transverse direction (TD) [1]. For 

example, Schut [2] used the MDO process to improve the barrier properties of nylon and 

ethyl vinyl alcohol, but the films were brittle and had low tear resistance in MD. 

The stretching of a well oriented shish-kebab crystal morphology involves the 

separation of the stacked lamellae, leading to pores formation and subsequent 

microporous membrane generation [8,9]. However, the drawing of polypropylene films 

possessing spherulitic crystal structure involves a morphological transformation of the 

spherulites, which will affect their final properties. 

The evolution of the crystal structure of biaxial as well as uniaxial drawn films has 

been investigated in the literature [10-13]. Nie et al. [10] studied the morphological 
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development during biaxial stretching of polypropylene films using atomic force 

microscopy (AFM). According to their results, the biaxial orientation of polypropylene 

involved a morphological transformation of the spherulites into a network of 

microfibrils, which was also confirmed by Diez et al. [11]. Sadeghi et al. [1] studied the 

morphology development during MDO stretching of PP. Their results showed a fibrillar 

crystalline structure at a high draw ratio (DR), such as DR=6. Also, a distinctive 

improvement in the mechanical, clarity, and barrier properties was reported as DR 

increased. Using in-situ small angle X-ray scattering (SAXS) and wide angle X-ray 

diffraction, Zuo et al. [12] investigated the structure of polypropylene films during 

uniaxial stretching for various temperatures. The rate of crystal alignment during 

deformation at high temperatures was found to be slower than that at low temperature, 

but the final orientation during deformation at high temperatures was higher due to the 

larger applied strain. Sakurai et al. [13] investigated the structural deformation behavior 

of polypropylenes with different molecular weight (Mw), molecular weight distribution 

(MWD), and isotacticity (IT) during hot drawing process. Significant effects of Mw, 

MWD, and IT on the mechanical properties, morphology as well as stress distribution in 

the hot stretched samples were observed. 

Although few authors have investigated the relationship between biaxial orientation 

and particularly barrier properties of various resins, very little has been reported on 

uniaxial drawing involving industrial scale capabilities. In this study, precursor films 

with a spherulitic structure and coexisting small rows of lamellae and spherulites were 
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produced and MDO oriented using an industrial scale production line. A detailed 

investigation of the structure evolution with stretching has been carried out and 

relationships between morphological transformation and barrier, tear, and puncture 

properties are discussed. 

8.2 Experimental 

8.2.1 Material 

A commercial linear polypropylene (PP5341) supplied by ExxonMobil and having a 

melt flow rate (MFR) of 0.8 g/lOmin (under ASTM D1238 conditions of 230 °C and 

2.16 kg) was selected. Its molecular weight was estimated from the relationship between 

the zero-shear viscosity and molecular weight [14] and found to be around 772 kg/mol. 

The resin showed a polydispersity index (PDI) of 2.7, as measured using a GPC 

(Viscotek model 350) with 1,2,4-trichlorobenzene (TCB) as a solvent and column 

temperature of 140 °C. Its melting point, Tm, and crystallization temperature, Tc, 

obtained from differential scanning calorimetry at a rate of 10 °C/min, were 161 °C and 

118 °C, respectively. 

8.2.2 Film preparation 

The cast films were prepared using an industrial multilayer cast film from Davis 

Standard Company (Pawcatuck, CT) equipped with a 122 cm width slit die and two 

cooling drums. The extrusion was carried out at 220 °C and the distance between the die 
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exit to the nip roll was 15 cm. Two precursor films of different microstructures were 

produced. (1) Coexisting rows of lamellae and spherulites: this morphology could be 

obtained when the cast roll was set at a high temperature (e.g. 120 °C) and the polymer 

melt at the die exit was subjected to a high draw ratio (e.g. 30). (2) Only spherulitic 

structure: this structure could be produced when the cast roll was set at a low 

temperature (e.g. 40 °C) and the film at the die was subjected to a low draw ratio (e.g. 3). 

Additional details regarding the process conditions could be found elsewhere [15]. In 

this paper, these precursor films are denoted as P-l and P-2, respectively. Figure 8.1 

represents SEM surface images of the etched P-l precursor film reported in [15]. We 

observe that both rows of lamellae and spherulites are present in this precursor film. To 

get the same final thickness of 150 urn for P-l and P-2, the die gap was set at 4.5 and 

0.45 mm, respectively. 

In the MDO unit, the produced films were uniaxially stretched at 120 °C and under draw 

ratios ranging from 1 to 7.2. Stretching at draw ratios above 7.2 resulted in film 

breakage. 
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Fig. 8.1 SEM micrographs of the surface of the P-l precursor film [15]. The right image is a 
high magnification micrograph of the section corresponding to the rectangle. MD f and TD — 

8.2.3 Film characterization 

Thermal analysis: The thermal properties of specimens were analyzed using a 

differential scanning calorimeter (DSC) Q 1000 from TA Instruments. The thermal 

behavior of the films was obtained by heating from 50 to 220 °C at a rate of 10 °C/min. 

The reported crystallinity results were calculated using a heat of fusion of 209 J/g for a 

fully crystalline polypropylene (PP) [16]. 

Fourier transform infrared spectroscopy (FTIR): For FTIR measurements, a Nicolet 

Magna 860 FTIR instrument from Thermo Electron Corp. (DTGS detector, resolution 2 

cm-1, accumulation of 128 scans) was used. The beam was polarized by means of a 

Spectra-Tech zinc selenide wire grid polarizer from Thermo Electron Corp. The 

measurement is based on the absorption of infrared light at certain frequencies 

corresponding to the vibration modes of atomic groups present within the molecule. In 

addition, if a specific vibration is attributed to a specific phase, the orientation within 
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that phase can be determined [17]. If the films are oriented, the absorption of plane-

polarized radiation by a vibration in two orthogonal directions, specifically parallel and 

perpendicular to a reference axis (MD), should be different. The ratio of these two 

absorption values is defined as the dichroic ratio, Z) [17]: 

D = A (8-1} 

where ^ is the absorption parallel and A± is the absorption perpendicular to a specific 

reference axis. The Herman orientation function of this vibration is obtained according 

to [17]: 

J7 2 D-\ 
F = 

3cos a-\ D + 2 (g_2) 

where a is the angle that the transition moment makes with the polymer chain axis. 

For polypropylene, absorption at the wavenumber of 998 cm"1 is attributed to the 

crystalline phase (c-axis) while absorption at the wavenumber of 972 cm"1 is due to the 

contribution of both crystalline and amorphous phases. From the former absorption, the 

orientation of the crystalline phase, Fc, can be determined while from the latter, the 

average orientation function, Favg, is obtained. The orientation of the amorphous phase, 

Fa, can be calculated according to: 

F =X F +(l-X )Fa (8.3) 
avg c c \ c / a v / 

where Xc is the degree of crystallinity. Using FTIR, the global, crystalline and 

amorphous orientations can be determined. 
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X-ray diffraction: XRD measurements were carried out using a Bruker AXS X-ray 

goniometer equipped with a Hi-STAR two-dimensional area detector. The generator was 

set up at 40 kV and 40 mA and the copper CuKa radiation (A = 1.542 A°) was selected 

using a graphite crystal monochromator. The sample to detector distance was fixed at 

9.2 cm for wide angle diffraction and 28.2 cm for small angle X-ray scattering analysis. 

To get the maximum diffraction intensity, several film layers were stacked together to 

obtain a total thickness of about 2 mm. 

Wide angle X-ray diffraction (WAXD) is based on the diffraction of a 

monochromatic X-ray beam by the crystallographic planes (hkl) of the polymer 

crystalline phase. Using a pole figure accessory, the intensity of the diffracted radiation 

for a given hkl plane is measured as the sample is rotated through all possible spherical 

angles with respect to the beam. This gives the probability distribution of the orientation 

of the normal to hkl plane with respect to the directions of the sample. 

The Herman orientation function of a crystalline axis is given by [18]: 

(3cos2ty-V) 

2 (8.4) 

where <|) is the angle between the unit cell axes (a, b, and c) and reference axes. Details 

about the calculations can be found elsewhere [18]. 

The orientation factors from WAXD are mainly due to the crystalline part, 

therefore no information about the orientation of the amorphous phase can be obtained. 
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Small angle X-ray scattering (SAXS) was used to compare the level of lamellae 

formation for the different samples. 

Puncture and tear analysis: Puncture tests were performed using a 10 N load cell of an 

Instron 5500R machine. A needle with 0.5 mm radius was used to pierce the samples. 

The film was held tight in the camping device with a central hole of 11.3 mm. The 

displacement of the film was recorded against the force (Newton) and the maximum 

force was reported as the puncture strength. 

A standard test method for the tear resistance of plastic films based on ASTM 

D1922 was used to obtain MD and TD tear resistances. According to this standard, the 

work required in tearing is measured by the loss of energy of an encoder, which records 

the angular position of the pendulum during the tearing operation. 

Oxygen transmission: Oxygen transmission rates (OTR) were determined using a 

modification of the ASTM Standard Method D 3985-81 with an Ox-Tran Model 2/21 

apparatus (Mocon Inc., Minneapolis, MN) at 25°C. In this paper, all OTR values 

presented have been normalized (multiplied) by the films thickness. Two films of each 

specimen were tested and the average value is reported. 

Dynamic mechanical thermal analysis (DMTA): Dynamic thermomechanical 

properties of different samples were characterized using a dynamic mechanical thermal 

analyzer (DMTA) 2980 from TA Instruments, inside an environmental test chamber 

(ETC). Specimens cut parallel to the drawing direction were subjected to a dynamic 

tensile deformation mode. The temperature ranged from -60 °C to 120 °C at a rate of 2 
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°C/min and a frequency of 1 Hz was applied to the rectangular samples. To generate low 

temperatures and to control temperature during heating, liquid nitrogen was used. The (3 

transition was determined from the peak magnitude of the tan 8 curves. 

8.3 Results and discussion 

We first present experimental data that clearly demonstrate the effect of draw ratio (DR) 

and initial crystal morphology on the degree of crystallinity and crystal size distribution, 

orientation of the amorphous and crystalline phases, deformation behavior at the crystal 

lattice and lamellae scales. Subsequently, morphological pictograms, illustrating the 

influence of DR and original morphology on the final structure of the drawn films are 

proposed. Finally, puncture resistance along the normal direction (ND), tear data along 

the machine direction (MD), and oxygen transmission rate (OTR) results are presented 

and their correlations with the structural parameters such as orientation function are 

reported and discussed. 

The effect of draw ratio on the thermal behavior of the films for P-l is shown in 

Figure 8.2. The thermogram of the film before drawing (DR=1) exhibits a main melting 

peak at 158 °C and a small peak at 144 °C. The small peak at 144 °C suggests the 

presence of a bimodal crystal size distribution (the WAXD measurements for this 

specimen showed no intensity peaks corresponding to the beta crystal form. Therefore, 

the presence of this type of crystal is excluded). No peak around 144 °C was observed 

for the unstretched P-2 sample (not shown), indicating the presence of more uniform 
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crystal sizes. As seen in Figure 8.2, increasing DR shifts the melting peak, Tm,max, to 

much higher values and a shoulder at the same temperature as the melting peak of the 

unstretched film appears, suggesting again the presence of crystals with different sizes. 

The shoulder is related to the spherulites and/or rows of lamellae that were not or 

slightly deformed whereas the peak at the higher temperature is due to the formation of 

fibrils following the deformation, consistent with the SAXS results that will be discussed 

later. A double melting point for the specific shish-kebab structure of a polypropylene 

(PP) has also been observed by Somani et al. [19]. According to Somani et al. [19], the 

shish in PP had a melting temperature of about 5-10 °C higher than that of the kebabs 

and about 15-20 °C higher than that for spherulites. Elias et al. [20] reported also a 

double melting peak for a PP drawn by 5.5 times. They attributed their results to a 

connectivity of the chains in the shish or fibrils that resulted in a large crystal thickness 

and, as a consequence, a higher melting point than in the case of the spherulites. In our 

case, it is believed that by increasing DR, a fibrillar structure is formed, leading to a 

thicker crystal structure and consequently a higher rm,max. The DR dependence of the 

degree of crystallinity (Xc) of the samples was also evaluated using DSC (not shown). 

The films obtained from P-l showed crystallinity around 10% larger than those prepared 

from P-2. In addition, increasing DR up to 7.2 enhanced the crystallinity by about 10% 

for both P-l and P-2. 
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Fig. 8.2 DSC heating thermograms for P-l films obtained under different draw ratios. 

The orientation and arrangement of the phases (either crystalline or amorphous) in 

polypropylene films are key factors in controlling their final properties. Figures 8.3 and 

8.4 present the Herman orientation functions of the crystalline phase, Fc, as well as of 

the amorphous phase, Fa, obtained from FTIR, respectively. The orientation parameters 

before stretching (DR=1) are quite low, because of the presence of spherulites. However, 

as expected increasing DR drastically increases Fc and Fa (Figures 8.3 and 8.4, 

respectively). Furthermore, the rate of increase of orientation functions for DR between 

1 and 3.2 is much larger than beyond DR=3.2, indicating a stronger crystal alignment at 

the initial stages of deformation. It is postulated that at low DR, break up and tilting of 

the spherulites and/or rows of lamellae occurs whereas at high deformations the tilted 

crystals are stretched and form fibrillar structure along the machine direction (MD). Due 
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to the presence of small rows of lamellae crystals in P-l films, they show larger 

crystalline and amorphous orientation functions below DR=1.6 (Figures 8.3 and 8.4, 

respectively). However, at DR between 1.6 and 3.2, P-2 drawn films show larger 

alignment compared with those of P-l. This was also confirmed by wide angle X-ray 

diffraction (WAXD) and our speculation for this behavior will be discussed later. 

Furthermore, at over DR=3.2, P-l and P-2 films show almost identical orientation 

values, indicating somewhat similar microstructures. 
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Fig. 8.3 Crystalline orientation function as a function of draw ratio. 
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The effect of draw ratio on orientation of the crystalline phase was also considered 

using WAXD, as shown in Figure 8.5. In the WAXD patterns, the first and second rings 

represent the 110 and 040 crystalline reflections, respectively [18]. At low draw ratios, a 

diffraction ring is seen for the 110 crystallographic plane for P-1 and P-2, indicating low 

crystalline phase orientation. However, by increasing DR, the diffraction intensity along 

the meridian decreases gradually and disappears beyond DR=4.0 and 2.4 for P-1 and P-

2, respectively. In contrast, the diffraction intensity in the equator increases drastically 

when DR increases up to 4, while further increasing DR has slight impacts on the 

WAXD pattern. As expected, compared with precursor films with coexisting rows of 

lamellae and spherulites (P-1), the only spherulitic structure (P-2) reveals a ring shape 

diffraction with less intensities at low DR (e.g. DR=1.2), implying much lower 
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orientation for P-2. However, at medium draw ratios (e.g. DR=2.8), the diffraction 

pattern for P-2 demonstrates only arcs that are sharper and more concentrated in the 

center, indicating more orientation compared to P-l. In PP, due to the larger size of the 

spherulites than the small rows of lamellae (see Figure 8.1), spherulites are expected to 

deform more easily than that rows of lamellae. This is possibly why at medium DR, the 

P-2 samples exhibit a better crystal orientation. In other words, at medium DR, the P-l 

films contain some initial rows of lamellae that might not have been completely tilted. 

At very large DR, no remarkable differences among the WAXD patterns of P-l and P-2 

can be recognized, suggesting that the main structural transformations occur below 

DR=4.4. 
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Fig. 8.5 2D WAXD patterns for P-l (top) and P-2 (bottom) films obtained under different draw 
ratios. 
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The crystalline orientation can also be analyzed quantitatively from the pole figures 

of the 110 and 040 planes and the results for P-l are illustrated in Figure 8.6. The 

schematics in the figure represent the crystal alignment based on their pole figures at 

low, medium, and high stretch ratios. The normal to the 110 plane is the bisector of the a 

and b axes and 040 is along the b-axis of unit crystal cells [18]. Before drawing (DR=1), 

slight orientations of the 110 and 040 planes are detected in MD and ND, respectively. 

Increasing DR causes the orientation of the 110 plane along MD gradually to decrease 

until it vanishes at large DR. However, this crystallographic plane first moves into TD 

and then to both TD and ND at large DR. It is clear that the 040 plane (Z?-axis) was 

initially oriented along ND and upon drawing appreciably moves into TD. 
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Fig. 8.6 Pole figures of 110 (top) and 040 (bottom) reflections for P-l films obtained under 
different draw ratios. 
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The orientation features, in terms of cos2 (0) of the crystalline axes (i.e. a, b, and c 

(see the sketch in Figure 8.7)) along MD, TD, and ND obtained from the Herman 

orientation function for the stretched films of P-l are plotted in the triangular diagram of 

Figure 8.7. It is obvious that increasing DR yields a large movement of the c-axis of the 

crystals towards MD (the c-axis orientation feature varies from 0.5 to 0.9 as DR changes 

from 1 to 5.2). Furthermore, increasing DR causes the a-axis of the crystals to take a 

position closer to the TD and ND planes whereas the b-axis, for all DR, remains close to 

the TD and ND planes. These clearly elucidate the significant improvement in 

orientation by increasing DR, in accordance with the FTIR data presented in Figure 8.3. 

However, it should be mentioned that the orientation functions obtained using FTIR 

were slightly larger than the ones from the WAXD pole figures. These discrepancies in 

the values of the measured c-axis orientation may be due to different factors such as 

peak deconvolution, contribution of the amorphous phase, etc. as discussed for PE and 

PP elsewhere [21,22]. 
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Fig. 8.7 Orientation characteristics as cos2 (([>) of the crystal axes (a, b, and c) along MD, TD, 
and ND for P-l (the arrows represent the shift of cos2 ((()) with increasing DR). 

SAXS measurements show in Figure 8.8 the effects of draw ratio as well as initial 

morphology on lamellae deformation. The meridian streak in the SAXS pattern is 

attributed to the lamellae perpendicular to the machine direction (MD), while the 

equatorial maxima are attributed to the lamellae perpendicular to the transverse direction 

(TD) and/or the fibrils aligned into MD. Before drawing (DR=1), due to the presence of 

spherulites or random lamellae nearby circular patterns for P-l as well as P-2 are 

observed. The more intense streak in the meridian for the precursor (DR=1) of P-l is 

related to the presence of rows of lamellae that has been formed somewhat perpendicular 

to MD. Due to the lamellae deformation, the meridian streak monotonically decreases as 

DR increases, but does not disappear even at large DR. This suggests the presence of 
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some lamellae perpendicular to MD even at large DR. However, the equatorial streak 

decreases as draw ratio increases up to 4.0 and 2.4 for P-l and P-2, respectively, 

suggesting again more crystal deformation for P-2 compared to P-l. Further increase of 

DR causes the equatorial intensity to slightly increase. In fact, drawing of the PP films 

causes the break up and tilting of the crystal lamellae in the spherulites and the 

formation of fibrillar structure along MD. On the one hand, the deformation of the 

lamellae in the spherulites reduces the equatorial intensity, on the other hand fibrils are 

created leading to an increase in the equatorial intensity. However, it should be 

mentioned that our SAXS instrument was not very sensitive to the detection of fibrils in 

the equator. Therefore, in Figure 8.9, we reconsider the DSC data to qualitatively 

compare the amount of lamellae and/or fibrils in P-l and P-2 for various DR. Before 

drawing (DR=1), no significant differences between the melting curve of P-l and P-2 

are observed. However, at DR=3.2, the thermogram of P-l and P-2 exhibit a peak as 

well as a small shoulder at temperatures of 163 °C and 158 °C, respectively. As 

mentioned earlier, the peak and shoulder are attributed to the presence of fibrils and 

lamellae, respectively. Clearly, the contribution of fibrils to the crystals in P-2 is more 

important than in P-l. At DR=5.2, the shoulder for P-2 becomes very small whereas P-l 

shows a large shoulder, which again supports the presence of more fibrils in the 

stretched film of P-2. 
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Fig. 8.8 2D SAXS patterns for P-l (top) and P-2 (bottom) films obtained under different draw 
ratios. 
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Fig. 8.9 DSC heating thermograms for P-l and P-2 films obtained under draw ratios of 1.0, 3.2, 
and 5.2. 

Based on our observations from thermal analysis, FTIR results, WAXD and SAXS 

patterns, microstructural pictograms illustrating the effects of draw ratio and original 

morphology on the crystallites arrangements are proposed, as depicted in Figure 8.10. At 

low draw ratios, FTIR data, WAXD and SAXS patterns suggested a crystal structure 

with coexisting rows of lamellae and spherulites and only spherulites for the films of P-l 

and P-2, respectively. At medium DR, the SAXS data revealed that a major part of 

crystal lamellae are broken up and tilted to form the fibrils. The coexisting lamellae and 

fibrils for the stretched samples was also confirmed by DSC results (see Figures 8.2 and 

8.9). However, WAXD and FTIR analyses indicated that P-2, at medium DR, showed 
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higher orientation than P-l and also the SAXS patterns showed a better crystallites 

deformation and a lower amount of lamellae in P-2. In addition, the DSC data of Figure 

8.9 suggested that the amounts of fibrils are greater in P-2 than in P-l. Finally, at large 

DR, the DSC and SAXS data implied that the most parts of crystals have formed a 

fibrillar structure, although some lamellae may be still present. In addition, both DSC 

and SAXS results suggested that the amount of fibrils in P-2 is larger than in P-l 

whereas the amount of lamellae is greater in P-l than in P-2. 
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The mechanical and tear behaviors are closely related to structure changes [23] as 

seen in Figure 8.11 that reports the tear resistance of the films along MD. A remarkable 

reduction in tear occurs when DR varies from 1 to 2.8 while further increasing DR 

hardly affects the tear resistance: the higher the orientation of the crystalline and 

amorphous phases, the lower the tear resistance along MD. At low DR, P-l shows 

slightly lower tear resistance than P-2, which is due to its better orientation. 

Measurements of the tear resistance along TD for samples stretched beyond DR=2.4 

were not possible, because the tearing direction deviated most of the time to MD. In fact, 

there was a high resistance in TD when compared to MD, which caused a crack in MD 

and created errors and non-reproducible data that are not reported here. This implies and 

confirms that by increasing DR a fibrillar structure with fibrils aligned in MD is formed. 
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Sadeghi et al. [1] reported significant increases of the Young modulus, yield stress, 

tensile strength along MD and a drastic decrease in elongation at break along TD for 

uniaxial drawn polypropylene films. In this study, puncture tests were performed to 

investigate the effects of MDO stretching on the mechanical properties of the samples 

along ND and the results are presented in Figure 8.12. Each point is an average over 10 

samples. A linear dependence of the maximum piercing force as a function of DR is 

observed. As pointed earlier, increasing DR enhances the crystal thickness as well as the 

alignment of crystalline and amorphous phases (see Figures 8.2-4). These can explain 

the improvement of the puncture resistance with increasing DR. 
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Fig. 8.12 Normalized maximum force for piercing as a function of draw ratio for P-l. 

Another application for MDO stretched films is the reduction of gas permeability 

or improvement of barrier properties. In the literature [24-25], controversies regarding 
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the interpretations for the relationship between the structural parameters of polymeric 

films in particular PP and their gas permeability could be found. For example, Hiltner et 

al. [24] attributed the reduction in oxygen permeability for the drawn PP films to lower 

free volume, hence, less passage for gas transport. According to Taraiya et al. [25], the 

key factor that controlled the permeation of gas molecules through the oriented PP films 

was the orientation of the amorphous phase, although they did not present sufficient data 

to support this idea. In recent studies [26,27], low gas permeability in biaxially oriented 

polypropylene (BOPP) films was attributed to the decrease in chain motions in the 

amorphous phase. 

Figure 8.13 reports the oxygen transmission rate (OTR) normalized (multiplied) by 

the films thickness as a function of DR for P-l and P-2. OTR is reduced by around 75% 

when DR increases to 7.2. However, it should be noticed that an appreciable decrease in 

OTR is seen in the DR range of 1 to 2.4 and the trends for both P-l and P-2 are 

somewhat the same. The similarity of the DR dependence of the oxygen transmission 

rate (Figure 8.13) and orientation functions (Figures 8.3 and 8.4) suggested a correlation 

between both set of data. Figure 8.14 presents the normalized OTR values as a function 

of the crystalline, Fc, as well as the amorphous, Fa, orientation functions for P-l. 

Reasonable linear correlations between the orientation parameters and OTR are 

observed: the higher the orientation of crystalline and amorphous phases, the lower the 

oxygen permeability. It is important to note that OTR has a stronger dependence on Fa 

than on Fc (the slope of the least-squares regression fit is -3.43 for the former and -1.94 
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for the latter). This suggests that the orientation of the amorphous phase has more impact 

on the drop in oxygen permeability compared to the orientation of the crystalline phase. 

A similar behavior for the P-2 films was observed (not shown). In semi-crystalline 

polymers, it is well understood that the crystalline part is impermeable to gas transport. 

In other words, the gas diffusion occurs only through the amorphous region. This is in 

agreement with the interpretations mentioned above about the amorphous phase role in 

OTR reduction. 
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In the MDO process, the crystals are aligned into MD and this not only enhances 

the orientation of the phases but also increases the tautness of tie chains and hence 

reduces the amorphous chains mobility [26]. In PP, the main chain motion in the 

amorphous phase can be characterized through the dynamic mechanical p-relaxation 

peak [26] as obtained from the dynamic mechanical thermal response of Figure 8.15 (tan 

8 as a function of temperature, in the range from -60 °C to 115 °C) for P-l films at four 

DR values. The first peak at about 10 °C is attributed to the ^-relaxation whereas the 

second peak at about 100 °C to the a-relaxation. Obviously, increasing DR has a major 

impact on the P-transition peak whereas the a-transition remains almost unchanged. 

Following Lie et al. [26,27], the OTR data are plotted in Figure 8.16 versus the p -
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relaxation intensity, /p, as determined from the peak magnitude of the DMTA tan 8 

curves of Figure 8.15. Good linear correlations between the oxygen transmission rate 

and P-relaxation intensity for P-l and P-2 are observed, confirming the findings of Lie 

et al. [27] for biaxially oriented polypropylene (BOPP) films. Limited amorphous tie 

chains mobility (low /p) leads to a low oxygen transmission, and inversely, a high 

amorphous tie chains motion (high /p) results in a high oxygen permeability. However, it 

is clear that the data for P-l and P-2 do not coincide, in contrast to the results of Lie et 

al. [27] that were independent of the resin type and thermal history. In summary, the 

improvement of barrier properties with increasing DR could be explained by the 

enhancement of the crystalline and amorphous phase orientation, but also by the 

reduction of amorphous tie chains mobility. 

i i i i i i i i i i i i i i i i i 'i 

I i , r . I i i i I I 

-50 0 50 100 

r(°c) 
Fig. 8.15 DMTA-tan (5) as a function of temperature for P-l at different DR. 
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8.4 Conclusions 

In this work, precursor films with coexisting rows of lamellae and spherulites and only 

spherulites were produced and then uniaxially hot stretched using a machine direction 

orientation (MDO) unit. Changes in morphology in relation with the barrier properties as 

well as tear and puncture properties were presented. Our findings can be summarized as 

follows: 

• MDO stretching caused a morphological transformation of the spherulites into fibrils 

at high DR, yielding thicker crystals and, subsequently, a higher melting point. 

• Compared to films obtained from precursor films of coexisting rows of lamellae and 

spherulites (P-l), drawn films made from precursor films of only a spherulitic 
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structure (P-2) showed a lower crystal orientation at low DR, but a better crystal 

alignment at high DR. This was explained by the larger size of the PP spherulites 

compared to the small rows of lamellae, resulting in a better deformation of the 

spherulites. 

• Increasing DR significantly increased the puncture resistance along ND and 

drastically decreased the tear resistance along MD. These were attributed to the 

thicker crystal size and higher orientation of the fibrils compared to the random 

rows of lamellae and/or spherulites. 

• Linear correlations between the oxygen transmission rate (OTR) and crystalline as 

well as amorphous orientation functions (Fc and Fa, respectively) were found. 

• OTR was also linearly correlated with the chain mobility in the amorphous part. The 

higher the amorphous tie chain mobility, the lower the OTR. 
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CHAPTER 9 

GENERAL DISCUSSION 

To produce microporous membranes by the stretching technique, one must obtain 

precursor films with an adequate orientation and alignment of the crystal lamellae. The 

higher the crystalline alignment in the precursor, the better is expected the lamellae 

separation and, as a consequence, the larger the porosity and permeability of the 

microporous membranes. The type of resin and applied processing conditions are the 

key factors for the production of the precursor films with appropriate properties, 

thickness, orientation, and connection of the crystals, which in turn control the final 

membrane structure. In flow-induced crystallization during film extrusion, shish (fibrils) 

are created, which act as nuclei sites for lateral lamellae crystallization. As shish are 

mostly created from the long chains and long chains have larger relaxation time, adding 

a high molecular weight component favors the preparation of precursor films with an 

adequate level of crystalline lamellae. Die temperature, die gap, rate and position of the 

air cooling unit, chill roll temperature, and draw ratio are the major processing 

parameters that need to be optimized depending on the resin as well as number of layers 

in the film. The die temperature affects the relaxation of the molecules. Low temperature 

will slow down the chain relaxation, leading to an increase probability for the formation 

of lamellae by the low molecular weight chains. However, very low extrusion 

temperatures prevent the mobility of the molecules, which results in a non appropriate 



224 

row-nucleated lamellar structure. Therefore, an optimum temperature needs to be 

selected for each polymer. In the cast film process, the use of a low air cooling rate 

contribute significantly to the perfection of the crystalline phase, while further 

increasing of air cooling does not noticeably affect the crystal structure. In fact, the use 

of air cooling in addition to chill rolls helps flow induced crystallization to occur at 

lower temperatures. This will noticeably increase the number of shish or nuclei sites, and 

consequently the crystallization kinetics are promoted resulting in a well oriented shish-

kebab structure. Also, the mechanical properties along MD improve significantly as the 

films are subjected to a low level of air flow rate. Increasing the draw ratio (DR) 

increases the crystal orientation (Fc). A linear relationship between Fc and DR was 

found. At the low draw ratios, the lamellae are not well aligned perpendicular to the flow 

direction, but as draw ratio increases the lamellae align themselves perpendicular to the 

machine direction (MD). 

The produced precursor films should be annealed at a proper temperature before 

being cold and hot stretched. As annealing is performed at a temperature that is above 

the onset of mobility in the crystalline structure (ra), it is postulated that during 

annealing, the lamellae twist and orient perpendicular to MD. Also, melting of small 

lamellae and their recrystallization with better orientation can occur. The annealing 

variables investigated included temperature, time, and level of extension applied during 

annealing. It was found that annealing at 140 °C for 20 min without extension was the 

optimum annealing condition for PP. However, the annealing temperature of 
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PP/HDPE/PP trilayer films should be lower than HDPE melting point and above the 

alpha transition temperature, Ta, of PP (T^ppis about 110 °C obtained from the dynamic 

mechanical thermal analysis). Therefore, in our study, 120 °C without extension was 

selected for annealing of the trilayer films. 

In the preparation of porous membranes using the stretching technique, voids are 

formed by cold stretching and enlarged by subsequent hot stretching. The micro void 

morphologies produced via this method are a consequence of interlamellar separation, 

which takes place at temperatures above Tg of the specific semicrystalline polymers. The 

behavior in cold stretching in comparison to that in hot stretching is different since the 

temperature is low. In hot stretching the lamellae can move more easily while the 

crystallization can also take place. However, both processes are very complicated since a 

combination of events happens simultaneously and it is hard to predict which one 

exactly is dominating. Our studies showed that by increasing the applied extension 

during cold stretching, water vapor transmission rate (WVTR) monotonically rose for 

the HDPE while for the PP, WVTR first increased significantly and then decreased. The 

pores created in cold stretching are enlarged during the hot stretching step and 

consequently enhance WVTR. More flexibility of the lamellae at high temperatures can 

be a reason for the increase of pore size with increasing extension ratio. In hot stretching 

some surface layers of lamellae are believed to locally melted, detached and rotated to 

form interconnected bridges. This explains the increase in the number of interconnected 

bridges after hot stretching. 
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As stated earlier, the stretching of a well oriented shish-kebab lamellar morphology 

involves the separation of the stacked lamellae, leading to pores formation and the 

subsequent microporous membrane generation. However, for films possessing a 

spherulitic crystal structure a morphological transformation of the spherulites will affect 

their final properties. The machine direction orientation (MDO) process is widely used 

for uniaxial stretching of polyethylene and polypropylene films. The MDO unit can be 

operated either in-line or off-line with extrusion and is controlled via variables such as: 

the distance between the draw rollers, draw ratio, drawing speed, drawing times (a film 

can be stretched many times), drawing temperature, and heat-setting conditions. The 

stretching is usually performed at temperature below the melt temperature of the 

polymer and results in a highly oriented film that causes anisotropy in properties. The 

drawing process usually improves the strength and barrier properties, but brings some 

drawbacks such as a reduction of the tear resistance along the machine direction (MD) 

and a lowering of elongation at break along the transverse direction (TD). The original 

crystal morphology as well as draw ratio (DR) influence significantly the alignment of 

the amorphous and crystalline phases. Our findings showed that by increasing DR, the 

crystalline lamellae first broke up and oriented along the drawing direction and then, at 

large DR, they were deformed and transformed into a fibrillar structure. 
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CHAPTER 10 

CONCLUSIONS AND RECOMMENDATIONS 

10.1 Conclusions 

In this dissertation, the development of microporous membranes with high performances 

from monolayer as well as multilayer PP/HDPE microporous membranes through cast 

film extrusion followed by uniaxial stretching has been investigated. We also 

investigated the drawing of the polypropylene films with coexisting rows of lamellae 

and spherulites and only spherulites using a machine direction orientation (MDO) unit to 

see changes in morphology in relation with the barrier properties as well as tear and 

puncture properties. We have studied using a lab scale cast film extrusion the structure 

and performances of microporous membranes from blends of linear low and high 

molecular weight PPs. FTER, WAXD, and SAXS were employed to measure the 

orientation and long spacing of crystalline phase. Adding up 10 wt% high Mw PP and 

increasing draw ratio (DR) enhanced the orientation of both the crystalline and 

amorphous phases. For all the blends, as the draw ratio increased, the orientation 

function for the crystalline phase increased. The structural modification promoted by 

annealing was also explored. Annealing at 140 °C without extension contributed 

significantly to the crystalline phase perfection. A larger pore density, greater porosity, 

and more interconnectivity of the pores were observed when the level of high Mw PP 
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increased. By increasing the applied extension during hot stretching, the water vapor 

transmission rate (WVTR) rose while for cold stretching the effect was reversed. 

We used an industrial scale cast film process to prepare microporous membranes 

and investigate in details the effect of the cast processing parameters on the crystalline 

orientation, morphology, and mechanical properties of cast films and formation of 

microporous membranes. The use of a low air cooling rate contributed significantly to 

the perfection of the crystalline phase, while further increasing air cooling rate did not 

noticeably affect the crystal structure. For the film produced without air cooling and at 

high roll temperature, coexisting lamellae and spherulites were observed. In contrast, an 

ordered lamellar structure was seen for the films subjected to a low air cooling. Due to a 

better molecular and crystal orientation for air cooled cast films, significant increases of 

the Young modulus, yield stress, tensile strength, and tensile toughness along MD, and 

dramatic decreases of elongation at break along TD were observed as air cooling was 

applied. The effects of microstructure differences of the PP cast films on the 

microporous membranes morphology and water vapor transmission rate were 

investigated. Microporous membranes possessing high pore density, large porosity, and 

high water vapor transmission rate were obtained by lamellae separation from cast films 

prepared using air cooling. 

The development of microporous membranes from multilayer and monolayer 

PP/HDPE films was also studied. The role of the process variables and annealing on the 

shear and/or elongation-induced crystallization and orientation developed in the 
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monolayer as well as the components in the multilayer cast films was examined. 

Increasing cooling air flow rate (AFR), draw ratio (DR) or annealing enhanced 

noticeably the crystal orientation of the PP and HDPE monolayer films as well as the 

components in the multilayer film. A transcrystallization of the HDPE lamellae 

penetrating into the PP at the interface of the multilayer films was observed and was 

explained by the difference in the resins crystallization temperature. A good adhesion at 

the interface of the porous multilayer membrane was attributed to the transcrystallization 

observed in the precursor interface. At high cold stretching extensions, the pore size and 

porosity of the HDPE membranes was much larger compared to those from the PP 

produced under the same conditions. The trilayer microporous membranes showed a 

lower permeability than the single layer membranes, possibly due to the presence of the 

interface as well as a lower orientation of the PP and HDPE components in the 

multilayer film compared to the monolayer films. 

Microporous membranes from the films possessing a well oriented shish-kebab 

crystal morphology were produced after annealing and subsequent stretching in the 

machine direction. However, the drawing of polypropylene films possessing spherulitic 

structure involves a morphological transformation, which will affect their final 

properties particularly barrier, tensile, tear, and puncture properties. Therefore, precursor 

films with coexisting rows of lamellae and spherulites and only spherulites were 

produced and then uniaxially hot stretched using a machine direction orientation (MDO) 

unit. Changes in morphology in relation with the barrier properties as well as tear and 
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puncture properties were presented. MDO stretching caused a morphological 

transformation of the spherulites into fibrils at high DR, yielding thicker crystals and, 

subsequently, a higher melting point. Compared to films obtained from precursor films 

of coexisting rows of lamellae and spherulites (P-l), drawn films made from precursor 

films of only a spherulitic structure (P-2) showed a lower crystal orientation at low DR, 

but a better crystal alignment at high DR. This was explained by the larger size of the PP 

spherulites compared to the small rows of lamellae, resulting in the better deformation of 

the spherulites. Increasing DR significantly increased the puncture resistance along ND 

and drastically decreased the tear resistance along MD. These were attributed to the 

thicker crystal size and higher orientation of the fibrils compared to the random rows of 

lamellae and/or spherulites. Linear correlations between the oxygen transmission rate 

(OTR) and crystalline as well as amorphous orientation functions (Fc and Fa, 

respectively) were found. OTR was also linearly correlated with the chain mobility in 

the amorphous part. 

10.2 Recommendations 

In the previous section, we summarized what has been accomplished in this thesis 

concerning the fabrication of monolayer and multilayer microporous membranes 

through cast extrusion followed by stretching and MDO drawing of polypropylene films. 

For the continuation of this work and future research, the following unexplored topics 

are recommended: 
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1) The stretching technique should be extended to other semicrystalline polymers with 

the capability of formation of a planar row-nucleated lamellar structure. Poly (vinylidene 

fluoride) (PVDF) is considered as a potential resin. Membranes from this polymer is 

currently being produced via phase inversion for use in water filtration and lithium 

battery separators109'110. The stretching technique provides a less expensive method 

compared to the phase inversion process. Recently , we reported preliminary results on 

PVDF microporous membranes. The PVDF membranes showed much smaller pores and 

lower permeabilities than the polyolefin microporous membranes. However, it is 

believed that the properties can be improved by applying a larger level of total stretching 

and studying in more depth the role of resin molecular weight, processing parameters as 

well as annealing variables. 

2) Although a few authors have investigated the modeling of crystallization of various 

resins under different flow magnitudes, no study has been considered the flow-induced 

crystallization under cooling in the cast film process. Therefore, developing a 

thermomechanical model that describes polymer crystallization under flow and cooling 

using air and cast roll is recommended. 

3) Developing multilayer microporous membranes with other compositions. In the 

PP/HDPE/PP microporous membranes developed, due to the lower melting temperature 

of the middle layer, the HDPE porous layer is utilized as a fuse for safety purposes. 

However, polyolefin trilayer microporous membranes are hydrophobic and in some 

cases a hydrophilic film with safety features is desirable. Compared to the PP film, the 
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polyoxymethylene (POM) film is hydrophilic and possesses approximately identical 

annealing and melting temperatures. Therefore, a trilayer separator where the PE layer is 

sandwiched between two porous POM layers can be developed. The problem of weak 

adhesion between POM and PE at the interface can be solved by using a proper 

compatibilizer. 

4) As pointed out earlier, polypropylene and polyethylene membranes are widely used in 

microfiltration and ultrafiltration processes because of many desirable properties 

including very high porosity, good mechanical properties, and chemical inertness. 

However, the hydrophobicity of polyolefin membranes causes poor wettability and 

biocompatibility, which limit their applications for aqueous solution separation and 

biomedical usage . Surface functionalization can improve hydrophilicity and 

biocompatibility drastically. Therefore, surface modification of the produced PP and 

HDPE porous membranes is recommended and functionalization can be done by 

grafting on surface, plasma treatment, etc. 
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APPENDIX A 

Rheological Properties of Blends of Linear and Long Chain 

Branched Polypropylene5 

Seyed H. Tabatabaei, Pierre J. Carreau, and Abdellah Ajji 

CREPEC, Chemical Engineering Department, Ecole Poly technique, C.P. 6079, Succ. 
Centre ville Montreal, QC, H3C 3A 7 Canada 

Abstract 

Blends of a long-chain branched polypropylene (LCB-PP) and a linear polypropylene 

(L-PP) were prepared using a twin screw extruder. Linear viscoelastic properties such as 

complex viscosity, storage modulus, and weighted relaxation spectrum were determined 

as functions of LCB-PP content. Shear data obtained from commercial rheometers as 

well as from a slit die rheometer were used to verify the Cox-Merz relation for the neat 

components as well as for a blend. Elongational properties were obtained using a SER 

unit mounted on an ARES rheometer and the converging die. A significant strain-

hardening was observed for the neat LCB-PP as well as for all the blends, but the strain-

hardening decreased with increasing strain rate. The apparent steady elongational 

viscosity values evaluated using the converging die were observed to be comparable at 

Polymer Engineering and Science, in press 
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high deformation rates to those obtained from the SER unit, but the differences 

increased as the strain rate decreased. 

1 Introduction 

In comparison with polyethylene, polypropylene (PP) has higher melting point, lower 

density, higher chemical resistance, and better mechanical properties, which makes it 

more interesting for many industrial applications. Due to its low melt strength, linear 

polypropylene cannot be used in processes where elongational properties and melt 

strength are dominant, such as film blowing, blow molding, and foaming. Enhanced 

elongational properties can be achieved by blending a branched PP with a linear PP. 

The rheological behavior of blends of linear and branched polypropylenes and 

polyethylenes has been the topic of several investigations [1-4]. Ajji et al. [1] showed 

that 10-20 wt% of a low density polyethylene (LDPE) was sufficient to obtain a strain-

hardening behavior in blends with a linear low density polyethylene (LLDPE). Fang et 

al. [2] realized that an increase in the length of short branches and, possibly, the 

presence of a few long branches in metallocene LLDPEs and a comparable molecular 

weight as that of a LDPE can improve the miscibility of LLDPE/LDPE blends. Stange et 

al. [3] found that the strain-hardening of PP blends decreased as the strain rate increased 

while for the neat long-chain branched PP enhancement of strain-hardening was 

observed. However, due to limitations of their rheometer they were not able to study the 

elongational behavior at deformation rates larger than Is"1. Recently, McCallum et al. 
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[4] showed that the blending of branched and linear PPs not only promoted the melt 

strength, but the mechanical properties increased as well. 

As extensional flow is dominant in many processes and this type of flow is very 

sensitive to the molecular structure, there are more and more investigations of the 

extensional properties [5]. However, it is still impossible to reach very large strains and 

deformation rates with the existing elongational rheometers. Therefore, indirect methods 

to determine the extensional viscosity have been proposed, such as that based on the 

convergent flow analysis. Cogswell [6] was probably the first author to separate the 

pressure drop in contraction flows into shear and elongational components. The entry 

pressure drop is: 

AP = APs+APe (1) 

where APS and APe are contributions of the shear and extensional flow components to 

the total pressure, AP. Assuming the extensional viscosity independent of the 

deformation rate, Cogswell [6] solved the set of momentum balance equations to 

calculate the two pressure drops separately. In contrast, Binding [7] used an energy 

balance and allowed the elongational viscosity to vary with the deformation rate. 

Although the literature reports some investigations of the rheological behavior of 

blends of L-PP and LCB-PP, there is still a lack of steady and transient rheological data 

for a wide range of deformation rates. Therefore, the main objective of this study is to 

elucidate how the addition of a branched PP to a linear PP affects the rheological 

properties of PP, including transient and 'steady' extensional behavior over a wide range 
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of deformation rates. Using various rheological tools, we would like to investigate in 

more detail than done before the effect of branches on the rheological properties of PP 

blends. 

2 Experimental 

2.1 Materials 

Two commercial polypropylenes were selected: a linear polypropylene (L-PP) and a 

long chain branched polypropylene (LCB-PP). The L-PP was supplied by ExxonMobil 

Company and had a melt flow rate (MFR) of 2.8 g/lOmin (under ASTM conditions of 

230 °C and 2.16 kg). The LCB-PP was obtained from Basell Company and had a MFR 

of 2.5 g/lOmin. To separate the effect of branching from molecular weight, resins with 

close MFRs were selected. The main characteristics of the resins are shown in Table 1. 

The molecular weight of the linear PP was evaluated using the relation between zero-

shear viscosity and the molecular weight [8]. The molecular weight distribution (MWD) 

was measured using a GPC (Viscotek model 350). The melting point, Tm, and the 

crystallization temperature, Tc, of the resins were obtained using differential scanning 

calorimetry. Blends containing 2, 5, 10, 30, 50, and 70 wt% LCB-PP were prepared 

using a twin screw extruder (Leistritz Model ZSE 18HP co-rotating twin screw extruder) 

followed by water cooling and pelletizing. The temperature profile along the barrel 

(from hopper to die) was set at 160/180/190/200/200/200/200 °C. The extrusion was 

carried out at 80 rpm. During blending, 3000 ppm of a stabilizer, Irganox B225, was 
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added to avoid thermal degradation of the polymers. To make sure that all samples have 

the same thermal and mechanical history, unblended components were extruded under 

the same conditions. 

Table 1. Main characteristics of the neat polymers. 

Resin code 

PP4612 

Pro-fax 814 

Company 

ExxonMobil 

Basell 

MFR 

230°C/2.16kg 

2.8 

2.5 

Nomencl. 

L-PP 

LCB-PP 

(kg/mol) 

543 

N/A 

MJMn 

3.9 

2.3 

Tm (°C) 

160 

159 

Tc (°C) 

115 

128 

2.2 Rheological measurement 

2.2.1 Parallel Plate Rheometer 

Dynamic data were measured using a Rheometric Scientific SR5000 stress controlled 

rheometer with a parallel plate geometry of diameter of 25 mm and a gap equal to 1.5 

mm. All measurements were carried out at 190 °C under nitrogen atmosphere to avoid 

thermal degradation. Molded discs of 2 mm thick and 25 mm in diameter were prepared 

using a hydraulic press at 190 °C. Prior to frequency sweep tests, time sweep tests at a 

frequency of 0.628 rad/s and different temperatures were performed for two hours to 

check the thermal stability of the specimens. Changes less than 3% changes were 

observed for the duration of the time sweep tests. Material functions such as complex 

viscosity, elastic modulus, and weighted relaxation spectrum in the linear viscoelastic 

regime were determined in the frequency range from 0.01 to 500 rad/s. In order to obtain 
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more accurate data, the frequency sweep test was carried out in four sequences while the 

amount of applied stress in each sequence was determined by a stress sweep test. 

2.2.2 Capillary Rheometer 

Medium to high shear rate data were recorded using an Instron rheometer with a 

capillary of aspect ratio (length to diameter) of 80:1 with 1.26 mm diameter and 90° 

entrance angle. The speed of the piston was varied from 0.05 to 5 cm/s corresponding to 

shear rates ranging from 3 to 300 s"1. All data were determined at 190 °C. For this aspect 

ratio, the Bagley correction [9] was found to be negligible, but the Rabinowitch analysis 

for the parallel plate geometry was applied [10]. 

2.2.3 In-Situ Rheometer-Slit and Converging Dies 

More accurate measurements at high shear rates were made using a slit die mounted in 

place of the mold in an injection molding machine. The thickness, width and length of 

the slit die are 1, 25, and 70 mm, respectively. The injection speed of the Sumitomo 

SE50S electric injection molding machine was varied from 0.5 to 190 mm/s, which can 

produce viscosity data within shear rates ranging from 30 to 30 000 s"1. The screw 

diameter was 32 mm and its rotational speed was set at 100 rpm. A schematic of the on­

line rheometer, which consists of a converging die, a slit die, and a diverging die, is 

shown in Figure 1. Five pressure transducers and thermocouples were placed in the 

rheometer to measure precisely the pressure and temperature along the device. Details 

about the geometry of our on-line rheometer can be found elsewhere [11]. 



The converging part of slit die was used for determining the apparent planar 

extensional viscosity. The inlet thickness, outlet thickness, width, and length of 

converging die are 4, 1, 12.5, and 12 mm, respectively. All data were determined at 190 

°C. 

Data acquisition software 

fiwailgrinw 

Heating band & beating cartridge 
In atu thermocouples 

M 
^XXXXXX^ 

PlastificalKm mat Fixed plate 

Fig. 1 Schematic of the slit die rheometer [9]. 

Mobil plate 

2.2.4 SER Geometry 

To measure uniaxial elongational viscosity, an ARES rheometer equipped with a SER 

universal testing platform [12] from Xpansion Instruments was used. The model used 

was SER-HV-A01, which is a dual windup extensional rheometer. It is capable of 

generating elongational rate up to 20 s"1. Measurements were performed at 190 °C under 

nitrogen atmosphere. 
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3 Results and discussions 

3.1 Shear measurements 

Time sweep tests were performed at 0.628 rad/s for 2 h to check the thermal stability of 

the samples. As done by Stange et al. [3] for a better comparison, G'(t) values were 

normalized by G'{t=0) and the result is presented in Figure 2. For L-PP a slight decrease 

of normalized G' with time is visible. This reduction is attributed to the degradation of 

the L-PP during the long measurements. A significant increase of G' is observed for the 

LCB-PP, which is attributed to the crosslinking of the sample due to residual catalysts 

used to create the branches. Stange et al. [3] attributed a similar increase to the 

reformation of the entanglements between long-chain branched molecules, which were 

disentangled during the extrusion process. This interpretation does not withstand for our 

case, as the increase of G' with time was also observed for non extruded LCB-PP 

samples. As all rheological data were recorded before 80 min, therefore 3% increase of 

G' for the LCB-PP and 1% reduction for the L-PP, two extreme cases, were found to be 

negligible. 
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Fig. 2 Normalized storage modulus versus time for the neat PPs and three blends; T= 190 °C 
and co=0.628 rad/s. 

The complex shear viscosities as a function of frequency for the neat PPs, 30, and 

70 wt% LCB-PP blends are shown in Figure 3. Depending on the LCB content, the 

trends for other blends were intermediate of the curves reported in the figure. Clearly, 

adding LCB-PP causes pronounced shear-thinning behavior due to the presence of long-

chain branches. In addition, it is obvious that the viscosities of the blends are 

intermediate as expected for miscible components. Figure 4 illustrates the storage 

modulus of the same blends versus frequency. At low frequencies, the storage modulus 

of LCB-PP is larger while the effect becomes inversed at high frequencies. 
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Fig. 3 Complex viscosity as a function of angular frequency for the neat PPs as well as for two 
blends; 7=190 °C. 
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Fig. 4 Storage modulus as a function of angular frequency for the neat PPs as well as for two 
blends; 7=190 °C. 
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The plot of loss angle, 8 (tan8=G"/G'), as a function of frequency is illustrated in 

Figure 5. A monotonic decrease of the loss angle is observed for L-PP while samples 

containing long chain branches demonstrate inflections in the curves with a tendency 

towards plateaus at high frequencies. Wood-Adams et al. [13] related the magnitude and 

breath of the plateau of the loss angle to the weight fraction of branched chains. As 

shown in Figures 4 and 5, the lower G' and 8 values of the samples containing LCB-PP 

compared to L-PP at low frequencies are characteristics of more elastic materials, due to 

the presence of long-chain branches. 

90 

80 h 

70 h 

8 60 

•8 50 
CO 

40 h 

30 h 

-i—i i 11 mi 1—i i 11 nil 1—i i i IIIII 1—i i 11 mi 1—i i 11 mi 1—i i i u 

O L-PP 
0 < V . V 30 w t%JXB-PP 

, 0 < > • 50 wt%_LCB-PP 
i V o v ^ o 70 wt% LCB-PP 

OTnV^Oo A LCB"PP m-

2 0 I i ' i i i i mil 

io-3 
I I I I I I 

io-; io- 10° 101 102 103 

co (rad/s) 
Fig. 5 Loss angle versus angular frequency for the neat PPs as well as for three blends; 7"=190 
°C. 

To further analyze the role of adding branched component on the melt relaxation of 

the blends, the weighted relaxation spectra evaluated from dynamic moduli (G', G", co) 
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using the NLREG (non linear regularization) software [14] are plotted in Figure 6 (the 

vertical dash lines represent the range of frequencies covered during the experiments). 

The longer relaxation time for the LCB-PP is attributed to changes in the stress 

relaxation mechanisms. At low frequencies, the polymer chains are entangled with 

surrounding macromolecules, and these entanglements create a tube-like region, causing 

the chains to move slowly [15]. In the linear viscoelastic regime three stress relaxation 

mechanisms may occur depending on frequency and chains topology: reptation, 

primitive path fluctuations, and constraint release. The details concerning these 

mechanisms can be found elsewhere [15]. In linear polymers, reptation is the main 

relaxation mechanism. However, in branched polymers, the reptation of molecules is 

inhibited by the presence of branch points; hence, branched polymer chains relax by 

fluctuations and constraint release [16]. In addition, it is known that chain ends are 

highly mobile, which accelerate the relaxation of the macromolecules whereas branch 

points retard relaxation. In the early stages the relaxation of branched polymer chains is 

faster than that of linear chains, because the presence of additional fast moving branch 

ends is more important compared to the presence of branch points [15]. Note that in 

Figure 6 the positions of the peaks for the blends are intermediate with respect to the 

neat components, suggesting again miscibility. The area under the curves is related to 

the zero shear viscosity and, as expected, increases with molecular weight. The 

relaxation behavior can also be shown in the Cole-Cole plot, which is the plot of r|" 
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versus t|', as illustrated in Figure 7. The semicircular shape of the blends is an evidence 

ofmiscibility[17, 18]. 
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Fig. 7 Cole-Cole plots for the neat PPs as well as all the blends; T=190 °C. 

The complex shear viscosities at different frequencies as a function of LCB-PP 

content are plotted in Figure 8. Good agreement with the logarithmic mixing rule of the 

complex viscosity can be observed for all samples. It is expressed as [19]: 

log r\ (CO) = (j)p logOi* («))! + (1 - %) logCn* (G>))2 (2) 

where <\>p is the branched PP content (vol fraction) and r\ is the complex shear viscosity. 

The logarithmic additivity rule was verified by Utracki and Schlund for blends of 

LLDPE and LDPE [19] and more recently by Stange et al. [3] for blends of L-PP and 

LCB-PP. Fang et al. [5] used the logarithmic mixing rule to probe the miscibility of 

components in various blends of metallocene-catalyzed linear low-density PEs (m-

LLDPE) and LDPE. The respect of the log additivity rule as shown in Figure 8 suggests 
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miscibility of both PP components. Deviations from the log mixing rule for blends of 

linear and branched PPs and PEs have been reported in the literature [5, 20-22]. It is 

believed that the miscibility is not only affected by the amount of the long chain 

branches, but also by the molecular weight of the polymer components as well as the 

structure of the branched polymer. 
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Fig. 8 Complex shear viscosity at different angular frequencies as a function of branched 
content; T=190 °C (the dash lines show the additivity rule). 

To verify the validity of the Cox-Merz [23] analogy, the dynamic and steady shear 

viscosity data obtained from the various rheometers for the neat polypropylenes and the 

blend containing 30 wt% LCB-PP are compared in Figure 9. Frequency sweep data in 

the frequency range from 0.01 to 500 rad/s and steady shear viscosity values for shear 

rates ranging from 0.001 to 2 s"1 were recorded using the parallel plate stress controlled 



255 

rheometer (SR5000). The simple shear viscosity data measured using a parallel plate 

geometry were corrected using the Rabinowitch analysis [10]: 

Tl(Y) = ̂ T - ( 3 + ") 0 ) 
2itR\ 

where T is the torque exerted on the plate, y the shear rate, R is the plate diameter and n 

the power-law index. Shear viscosities within shear rates ranging from 3 to 600 s"1 were 

obtained using the capillary rheometer. Accurate shear viscosity data at very high shear 

rates were obtained using the slit die rheometer. The results plotted in Figure 9 show that 

the Cox-Merz rule was well obeyed by the L-PP. Good agreement of the Cox-Merz 

relation for another linear neat PP was also reported by Mobuchon et al. [11]. For the 30 

wt% LCB-PP blend and neat LCB-PP, the Cox-Merz analogy was verified at high shear 

rates, but significant discrepancies at frequencies or shear rates lower than 1 s"1 were 

observed, with 7% and 16% differences between the complex and steady shear 

viscosities for the blend containing 30 wt% LCB-PP and the neat LCB-PP, respectively. 

Deviations from the Cox-Merz rule have also been reported for filled polymer systems 

[11, 25]. According to Utracki and Schlund [19], the lack of superposition between 

dynamic and steady shear viscosities for polymer blends is an indication of 

immiscibility. However, in the present case the results of different rheological methods 

discussed above suggest miscibility of the polymer pairs. Furthermore, more deviations 

of the complex and steady shear data were observed for the neat LCB-PP (Figure 9). 

Therefore, the non validity of the Cox-Merz rule for the blend is attributed to the 
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presence of long-chain branches for which the effects are more pronounced at low rates 

of deformation. At large deformation rates, due to the more shear-thinning behavior of 

branched polymers, the role of long-chain branches becomes less pronounced. A smaller 

influence of long-chain branches at large deformation rates in extensional flow was 

observed and will be discussed in the next section. 
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3.2 Elongational Measurements 

The transient elongational viscosities r\+e(t,e) of the resins and blends at different strain 

rates and 190 °C are illustrated in Figure 10 (to facilitate the comparison between data, 

the curves of the different data have been multiplied by indicated values). The maximum 

achievable Hencky strain (s) was in the range of 2.7 to 3.3 depending on the strain rate 

and LCB content. As expected, both the linear and branched polypropylenes respect the 

linear viscoelastic behavior at low strain values (short times) with a transient 

elongational viscosity equal to three times that in shear determined using the relaxation 

spectrum according to the following equation: 

j\+e(t) = 3'j[iklHi(\-e-"K>) 
(4) 

To obtain the transient elongational viscosity from the above equation 100 modes were 

used. However, the LCB-PP exhibits pronounced strain hardenings with strong 

departures from the linear regime occurring at shorter times as the elongational rate is 

increased. 

In contrast to oscillatory shear data, uniaxial extension is very sensitive to the 

macromolecules and microstructure [26, 27]. For blends containing 2 and 5 wt% LCB-

PP, small deviations from the linear viscoelastic curve are observed in Figure 10 and 

indicate some strain-hardening. A similar behavior but at low elongational rates for 

blends of linear PP and long chain branched PP was also reported by Stange et al. [3]. 

Our results confirm the findings of Ajji et al. [1] and Wagner et al. [28] who observed a 
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strain-hardening when 5 wt% LDPE was added to a LLDPE. A more significant strain-

hardening is observed for the LCB-PP as well as for blends containing 10 wt% LCB-PP 

and more. Sharper increases in the extensional curves and clear deviations from the 

linear viscoelasticity at shorter times are found as the weight fraction of LCB-PP goes 

from 0.30 to 1. 
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10wt% LCB-PP 

5wt% LCB-PP 

2wt% LCB-PP 

i — i I i i ' i 11 i i i 

Fig. 10 Transient elongational viscosities as a function of time at different Hencky strain rates 
and branched contents: (a) low LCB-PP contents (b) high LCB-PP contents; 7=190 °C (the solid 
lines represent the linear behavior calculated from the relaxation spectrum). 
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The strain-hardening coefficient is determined according as [3]: 

5 = ^ % * ) ( 5 ) 

311.(0 

where r\l(t) is the transient shear viscosity at low deformation rates, which can also be 

obtained from the relaxation spectrum using Eq. 4, and 8 is the strain rate. The strain-

hardening coefficient as a function of the branched PP content at the Hencky strain of 

2.5 and for all the blends is plotted in Figure 11. The blends with a low amount of the 

LCB-PP show small strain-hardening values at low strain rates. The strain-hardening 

coefficient is considerably larger than 1 for the blends contained 30 wt% LCB-PP and 

more and increases with the LCB-PP content. However, in all cases we observe 

significant decreases of S up to a Hencky strain rate of 2 s"1, while further increases of 

the deformation rate slightly change the strain-hardening coefficient, indicating the 

smaller effect of branches at high rates. Our results are qualitatively consistent with 

those of Stange et al. [3] except that they observed an increase of the strain hardening 

with increasing strain rate for the same neat LCB-PP. From Figure 10, it is obvious that 

the SER data are far from steady-state values. This can explain the reduction of the 

strain-hardening coefficient for the LCB-PP with increasing extensional rate. The data 

obtained from the filament stretching extensional rheometer (Munstedt's rheometer) 

used by Stange et al. [3] were possibly closer to steady-state values particularly at low 

strain rates. This is probably why they observed an increase of S for the LCB-PP. It 

should be mentioned here that, due to the nature of filament elongational rheometers, the 



262 

measurements of Stange et al. [3] were limited to Hencky strain rates up to 1 s" , while 

those presented here using the SER geometry were up to Hencky strain rates of 10 s"1. 

The strain rate dependence of the strain-hardening coefficient may also be related to the 

method used to create the long chain branches. Auhl et al. [29] observed that long chain 

branched polypropylenes obtained from electron beam irradiation at low irradiation 

intensities resulted in a reduction of the strain-hardening coefficient with increasing 

deformation rate while branched PP produced at high irradiation intensities resulted in 

increases of the strain-hardening coefficient with increasing strain rate. 
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Fig. 11 Strain-hardening coefficient as a function of Hencky strain rate and branched content; 
T= 190 °C and Hencky strain=2.5. 

Using Cogswell [6] and Binding [7] analyses, the total pressure drop and its shear 

and elongational components in the converging part of the slit die were estimated for the 

L-PP and the LCB-PP. The results are presented in Figure 12. The total pressure drop 
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was determined experimentally whereas the extensional pressure drop was calculated 

(details of the procedure can be found in Mobuchon et al. [11]). For the L-PP the 

extensional flow contribution in the hyperbolic die is around 20 % within the whole 

range of flow rates. In contrast, the LCB-PP reveals significant extensional pressure 

drop at low deformation rates in such a way that the shear pressure drop can be 

neglected. However, as the flow rate increases, the curves tend to cross each other at the 

flow rate of around 10 mL/s corresponding to a strain rate of 5 s"1. According to these 

results and those obtained from the uniaxial SER measurements (Figure 11), it can be 

concluded that the branches have a distinct influence on the extensional properties at low 

deformation rates, which becomes insignificant at large deformation rates. As pointed 

out earlier, the polymer chains at low deformations are strongly entangled with 

surrounding macromolecules. 
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The apparent extensional viscosity values determined from the slit die for the neat 

PPs are compared in Figure 13 to the apparently steady uniaxial elongational values 

obtained using SER geometry. All data were evaluated at the same value of the second 

invariant of the rate of deformation tensor, which is equal to 2e for planar extensional 

and for uniaxial elongational flow. We assume that steady conditions were reached 

for the transient data reported in Figure 10 although there is no evidence in the trends 

especially for the strain-hardening samples. The values have been normalized by the 

Trouton ratio, Tr (defined as the ratio of the elongational viscosity to the shear viscosity 

at low deformation rates and is equal to 3 for the uniaxial elongational and 4 for the 

planar extensional of a Newtonian behavior). As shown in Figure 13, the Binding 

analysis predicts smaller values than the Cogswell method within the whole range of the 

deformation rate. It is believed that the elongational viscosity calculated by the Binding 

procedure is more meaningful as the assumptions are more realistic [7]. For the linear 

polypropylene, the uniaxial data obtained from the SER verify the Trouton relation at 

low strain rates, but large differences between the results of both analyses for the slit die 

data and the uniaxial extensional viscosities are observed at low deformation rates. Such 

deviations have been also reported by Ferec et al. [30] for PP and fiber suspensions in 

PP and tentatively explained by differences in the flow kinematics. Also, our SER data, 

as mentioned above, are probably far from steady-state values. However, we note that 

the data tend to coincide at high strain rates. Tremblay [31] has reported a similar 

behavior for extensional data of a LLDPE. A similar trend is observed for the branched 
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polypropylene but the values of the elongational viscosities obtained from the different 

techniques are closer to each other. Due to the pronounced strain-hardening of the LCB-

PP as shown in Figure 10, the Trouton relation is not obeyed at the lowest strain rates 

and clearly the elongational properties of the branched PP are considerably larger that 

the shear properties in comparison to the linear PP. Finally, it should be mentioned that 

the entrance flow is quite complex and the above analyses are oversimplifications 

especially considering the viscoelastic nature of polymer melts. 
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4 Conclusions 

In this work shear and elongation properties of blends of a linear and a long-chain 

branched polypropylene have been studied and the results can be summarized as 

follows: 

• The blends containing more LCB-PP exhibited larger elasticity characteristics at 

low frequencies. This is believed to be due to more entanglements due to the 

presence of long chain branches. This effect decreased at high frequencies. 

• As the content of LCB-PP increased, the peak of the relaxation spectrum shifted to 

longer times and the shape of the spectrum became broader indicating a different 

relaxation mechanism for long chain branched molecules compared to the linear 

ones. 

• The Cox-Merz rule was found to be valid for the neat L-PP, but deviations at low 

rates were observed for the LCB-PP and the blend containing 30 wt% branched 

polymer. This was explained by the larger effect of long-chain branches at low 

deformation rates, which was also confirmed by the extensional measurements. 

• Strain-hardening in uniaxial elongational flow was observed at shorter times and 

was more abrupt for the LCB-PP and the blends. At low extensional rates, the 

strain-hardening coefficient (5) was observed to considerably decrease as the strain 

rate increased, whereas at large strain rates, S slightly changed with increasing strain 

rate, indicating the non significant effect of branches at large deformation rates. 
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The apparent extensional viscosity values determined using the slit die were found to be 

much larger than predicted by the Trouton relation. However, the uniaxial elongational 

data for the linear PP obtained using the SER unit were found to verify the Trouton 

relation. 
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APPENDIX B 

Rheological and Thermal Properties of Blends of a Long-

Chain Branched Polypropylene and Different Linear 

Polypropylenes6 

Seyed H. Tabatabaei, Pierre J. Carreau, and Abdellah Ajji 

CREPEC, Chemical Engineering Department, Ecole Polytechnique, C.P. 6079, Succ. 
Centre ville Montreal, QC, H3C 3A7 Canada 

Abstract 

Blends of a long-chain branched polypropylene (LCB-PP) and four linear 

polypropylenes (L-PP) having different molecular weights were prepared using a twin 

screw extruder. The linear viscoelastic properties suggested the immiscibility of the high 

molecular weight L-PP based blends, and the miscibility of the low molecular weight L-

PP based blends. In addition, the Palierne emulsion model showed good predictions of 

the linear viscoelastic properties for both miscible and immiscible PP blends. However, 

as expected, the low-frequency results showed a clear effect of the interfacial tension on 

the elastic modulus of the blends for the high molecular weight L-PP based blends. A 

Chemical Engineering Science, in press. 
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successful application of time-temperature superposition (TTS) was found for the blends 

and neat components. Uniaxial elongational properties were obtained using a SER unit 

mounted on an ARES rheometer. A significant strain hardening was observed for the 

neat LCB-PP as well as for all the blends. The influence of adding LCB-PP on the 

crystallinity, crystallization temperature, melting point, and rate of crystallization were 

studied using differential scanning calorimetry (DSC). It was found that the melting 

point and degree of crystallinity of the blends first increased by adding up to 20 wt% of 

the branched component but decreased by further addition. Adding a small amount of 

LCB-PP caused significant increase of the crystallization temperature while no dramatic 

changes were observed for blends containing 10 wt% LCB-PP and more. Furthermore, 

the crystalline morphology during and after crystallization of the various samples was 

monitored using polarized optical microscopy (POM). Compared to the neat linear 

polymers, finer and numerous spherulites were observed for the blends and LCB-PP. 

Dynamic mechanical (DMA) data of the blends and pure components were also 

analyzed and positive deviations from the Fox equation for the glass transition 

temperature, Tg, were observed for the blends. 

1 Introduction 

Due to the higher melting point, lower density, higher chemical resistance, and better 

mechanical properties of polypropylene (PP) in comparison to polyethylene (PE), it is 

widely employed for many industrial applications. However, the linear structure of L-PP 
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limits its applications for processes where good extensional properties and melt strength 

are required such as thermoforming, film blowing, foaming and fiber spinning. On the 

other hand, it is well known that branched polymers have enhanced extensional 

properties and their blending with linear counterparts can improve their elongational 

behavior, particularly for PE (Ajji et al., 2003; Lohse et al., 2002; Steffi, 2004). With the 

recent development of branched PP, it is expected that the elongational properties of L-

PP can be effectively enhanced when blended with a long-chain branched polypropylene 

(LCB-PP). 

Long-chain branches are commonly introduced to linear PP via electron beam 

irradiation and post reactor chemical modification (Auhl et al., 2004; Tian et al., 2006a). 

Their effects on the processability have been reported in the literature (Gotsis et al., 

2004; Stange and Miinstedt, 2006). Gotsis et al. (2004) showed that branching up to an 

optimum level improved the processability in foaming and thermoforming processes, 

while further branching did not have a dramatic effect. Stange and Miinstedt (2006) 

found that the strain hardening of branched polypropylenes caused not only a high melt 

strength, but also showed a significant homogeneity of deformation in the elongational 

experiments, which allowed forming foams with higher expansion ratios than L-PP. 

In several cases (Ajji et al., 2003; Stange et al., 2005; McCallum et al., 2007; Fang 

et al., 2008), the rheological behavior of blends of linear and branched polypropylene 

and polyethylene has been investigated. It has been reported that branched polymers 

exhibit higher shear thinning, elasticity, and strain hardening compared to linear ones. 
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Stange et al. (2005) showed that adding a small amount of LCB-PP significantly 

influences the rheological properties, especially the elongational behavior of linear PP 

blends. In addition, they found that the strain hardening of PP blends decreased as the 

strain rate increased while for the neat LCB-PP, enhancement of strain hardening was 

observed. McCallum and coworkers (2007) realized that the blending of branched and 

linear PP not only promoted the melt strength, but the mechanical properties increased 

as well. Ajji et al. (2003) showed that adding a small amount of low density 

polyethylene (LDPE) increased the strain hardening of linear low density polyethylene 

(LLDPE) resins. They also found that 10-20 wt% of LDPE is sufficient for improving 

the extensional property of LLDPE. Fang et al. (2008) concluded that an increase in the 

length of short branches and, possibly, the presence of a few long branches in 

metallocene LLDPEs and comparable molecular weights with LDPE could improve the 

miscibility of LLDPE/LDPE blends. 

To our knowledge no work has been published regarding the effect of molecular 

weight of linear polypropylene on the rheological behavior of blends of linear and long-

chain branched polypropylene. Using different rheological characterization methods, it 

will be shown that molecular weight has a crucial role on the miscibility of L-PP and 

LCB-PP. In addition, the influence of adding LCB-PP on the thermal properties, 

crystallization, and solid state behavior of the blends will be explored. 
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2 Experimental 

2.1 Materials 

Four commercial linear polypropylenes (PP40, PP28, PP08, and PP04) and a 

commercial branched polypropylene (LCB-PP) were selected. The PP28 and PP08 were 

Table 1. Main characteristics of the neat polymers. 

Resin code 

Pro-fax 6523 

PP4612 

PP5341 

Pro-fax 6823 

Pro-fax 814 

Company 

Basell 

ExxonMobil 

ExxonMobil 

Basell 

Basell 

MFR 

(g/lOmin) 

4.0 

2.8 

0.8 

0.4 

2.5 

Nomencl. 

PP40 

PP28 

PP08 

PP04 

LCB-PP 

Ho 

(kPa.s) 

9.8 

14.4 

43.6 

58.3 

18.6 

1o 

(kPa.s) 

9.8 

16.5 

49.5 

67.5 

19.5 

Mw 

(kg/mol) 

501 

543 

772 

812 

N/A 

MJM„ 

2.8 

3.9 

2.7 

4.3 

2.3 

(°C) 

159.8 

161.0 

160.0 

159.6 

158.4 

(°C) 

119.2 

114.4 

117.3 

116.9 

128.4 

Zero-shear viscosity values obtained from the Carreau-Yasuda model, 7=190 °C. 

Zero-shear viscosity values obtained from the area under the weighted relaxation spectrum curves, 

7=190 °C. 

supplied by ExxonMobil Company and had a melt flow rate (MFR) of 2.8 g/lOmin 

(under ASTM conditions of 230 °C and 2.16 kg) and 0.8 g/lOmin, respectively, while 

the PP40, PP04, and LCB-PP were obtained from Basell Company and had a MFR of 4 

g/lOmin, 0.4 g/lOmin, and 2.5 g/lOmin, respectively. The main characteristics of the 

resins are shown in Table 1. The molecular weights of the L-PPs were evaluated from 

the relation between the zero-shear viscosity and the molecular weight (Fujiyama and 

Inata, 2002). The molecular weight distribution (MWD) was measured using a GPC 

(Viscotek model 350). The melting point, Tm, and the crystallization temperature, Tc, of 
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the resins were obtained using differential scanning calorimetry. Blends containing 20, 

40, and 60 wt% LCB-PP were prepared using a twin screw extruder (Leistritz Model 

ZSE 18HP co-rotating twin screw extruder) followed by water cooling and pelletizing. 

The temperature profile along the barrel (from hopper to die) was set at 

160/180/190/200/200/200/200 °C. The extrusion was carried out at 80 rpm. During 

blending, 3000 ppm of a stabilizer, Irganox B225, was added to avoid thermal 

degradation of the polymers. To make sure that all samples have the same thermal and 

mechanical history, unblended components were extruded under the same conditions. 

2.2 Rheological measurements 

Dynamic melt rheological measurements were carried out using a Rheometric Scientific 

SR5000 stress controlled rheometer with parallel plate geometry (diameter of 25 mm 

and a gap of 1.5 mm). All measurements were carried out at 190 °C under nitrogen 

atmosphere to avoid thermal degradation. Molded discs of 2 mm thick and 25 mm in 

diameter were prepared using a hydraulic press at 190 °C. Time sweep tests were first 

performed at a frequency of 0.628 rad/s for two hours. Material functions such as 

complex viscosity, elastic modulus, and weighted relaxation spectrum in the linear 

viscoelastic regime were determined in the frequency range from 0.01 to 500 rad/s. In 

order to obtain more accurate data, the frequency sweep test was carried out in four 

sequences while the amount of applied stress in each sequence was determined by a 

stress sweep test. 
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To measure the uniaxial elongational viscosity, an ARES rheometer equipped with a 

SER universal testing platform from Xpansion Instruments was used. The model used 

was SER-HV-A01, which is a dual windup extensional rheometer. It is capable of 

generating elongational rates up to 20 s"1. Measurements were performed at 190 °C 

under nitrogen atmosphere. 

2.3 Thermal analysis 

Thermal properties of the various specimens were determined using a TA instrument 

differential scanning calorimeter (DSC) Q 1000. The samples were heated from 50 °C to 

220 °C at a heating rate of 10 °C/min to eliminate initial thermal history, and then cooled 

to 50 °C at the same rate. The melting point and the degree of crystallinity were 

determined from the second heating ramp, also performed at a rate of 10 °C/min. 

Crystallinity values are reported, using a heat of fusion of 209 J/g for fully crystalline 

polypropylene (PP) (Arroyo and Lopez-Manchado, 1997). 

2.4 Polarized optical microscopy (POM) 

Crystallization monitoring was performed using polarized optical microscopy 

(OPTIHOT-2) to follow spherulites growth. For the non isothermal crystallization tests, 

films with a thickness of 50 [xm were prepared using a twin screw extruder equipped 

with a slit die. The films were first heated on a programmable hot stage (Mettler 

FP82HT) from room temperature to 200 °C at a heating rate of 10 °C/min and were kept 



279 

at that temperature for 1 min to eliminate initial thermomechanical history, and then 

cooled to room temperature at the same rate. 

2.5 Dynamic mechanical analysis 

The solid state behavior of different samples was characterized using a TA instrument 

dynamic mechanical analyzer (DMA) 2980 inside an environmental test chamber (ETC). 

The temperature ranged from - 40 °C to 100 °C at a rate of 2 °C/min and frequency of 1 

Hz was applied to the rectangular shape samples. To generate low temperatures and to 

control temperature during heating, liquid nitrogen was used. The glass transition 

temperature was determined from the maximum of the G" curves. 

3 Results and discussion 

3.1 Rheological characterization of the neat PPs 

The complex shear viscosities normalized by the zero shear viscosities, obtained using 

the Carreau-Yasuda model (see Table 1), are plotted as a function of frequency for the 

neat PPs in Figure 1. The LCB-PP exhibits a pronounced shear-thinning behavior due to 

the presence of long-chain branches. As the molecular weight of the L-PPs increases the 

behavior becomes more shear-thinning and the transition from the Newtonian plateau to 

the power-law region occurs at lower frequencies. 
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Fig. 1 Normalized complex viscosity as a function of frequency for neat PPs; T=\90 °C. 

The plot of the loss angle, 5 (tan5 = G"/G'), as a function of frequency is shown in 

Figure 2. A monotonic decrease in the loss angle is observed for the L-PPs while the 

LCB-PP shows an inflection in the curve with a tendency towards a plateau at high 

frequencies. Wood-Adams et al. (2000) related the magnitude and breath of the plateau 

to the weight fraction of branched chains. The larger elasticity of the LCB-PP compared 

to L-PPs at low frequencies is attributed to more entanglements due to the presence of 

long-chain branches. However, as the frequency increases, the number of entanglements 

decreases due to the more shear-thinning character of the branched PP (see Figure 1). 
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To compare the relaxation behavior of the L-PPs and LCB-PP, the weighted 

relaxation spectra evaluated from dynamic moduli (G', G", co) using the NLREG (non 

linear regularization) software (Honerkamp and Weese, 1993) are plotted in Figure 3 

(the vertical dash lines represent the range of frequencies covered during the 

experiments). The area under the spectrum curve represents the zero-shear viscosity of 

the melt and it is reported in Table 1. A good agreement between these values and those 

obtained using the Carreau-Yasuda model is observed, suggesting that the relaxation 

spectra are accurate. It is obvious that the LCB-PP shows a longer relaxation time than 

the L-PPs, indicating that long-chain branches affect more the relaxation time than the 

larger molecules present in PP08 and PP04. The larger relaxation time for LCB-PP is 

attributed to changes in stress relaxation mechanisms. The simple reptation, as expected 
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for linear polymers, no longer suffices to relieve stress when there are enough branches 

present and slower events such as arm retraction must occur. 
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3.2 Rheological characterization of the blends 

The complex shear viscosities as a function of frequency for the PP40/LCB-PP and 

PP04/LCB-PP blends (two extreme cases) are shown in Figures 4(a) and (b), 

respectively. It is clear that adding the LCB-PP causes a pronounced shear-thinning 

behavior due to the presence of long-chain branches. In addition, it is obvious that the 

viscosities of the PP40 based blends are intermediate between those of the neat 

components while those of the PP04 based blends are closer to that of the PP04. The 

behavior is typical of linear polymer melts and the complex viscosity of the blends 

follows the log additivity rule for low molecular weight based blends. This is shown in 
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Figures 5(a) and (b), where the complex viscosities at different frequencies are plotted as 

a function of the LCB-PP content. The logarithmic additivity rule is expressed as 

(Utracki and Schlund, 1987): 

logrf(G)) = 4)plog(rf (to)), +(l-(f>p)log(ri*(co))2 

where $$ is the branched PP content in weight percent and r\ is the complex shear 

viscosity. The PP40 based blends obey the log additivity rule, as depicted in Figure 5(a), 

suggesting miscibility of both PP components. However, significant deviations from this 

empirical relation are observed in Figure 5(b) for the PP04 based blends in the entire 

composition range, suggesting that these two PP parts are immiscible. Deviations from 

the log mixing rule for blends of linear and branched PPs and PEs have been reported in 

the literature (Fang et al., 2008; Ho et al., 2002; Liu et al., 2002). It is believed that not 

only the amount of LCB-PP influences the miscibility of the blends, but also the 

molecular weights of both components as well as the branching structure (e.g. star-like 

or tree-like) of the LCB-PP are important factors affecting the miscibility. 
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Fig. 5 Complex shear viscosity at different angular frequencies as a function of branched PP 
content for: (a) PP40/LCB-PP blends and (b) PP04/LCB-PP blends; T=190 °C (the dash lines 
show the additivity rule). 

The zero-shear viscosity obtained from the Carreau-Yasuda model is shown as a 

function of the LCB-PP content in Figure 6. Good agreement with the log additivity rule 

for the blends having components with close melt flow indexes (e.i. PP40/LCB-PP and 

PP28/LCB-PP blends) is found, suggesting miscibility of the PP components. However, 

large deviations from the empirical rule are observed for the PP04/LCB-PP and 
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PP08/LCB-PP blends, suggesting that the two components are immiscible. It should be 

noted that at low frequencies (Newtonian region), a large increase in the number of 

entanglements due to the LCB-PP addition is expected for all the samples. Therefore, it 

is unlikely that the deviations from the log mixing rule could be explained for the 

PP04/LCB-PP and PP08/LCB-PP blends only. 

1 0 5 I 1 1 1 1 1 1 1 r 

I i i i i i i i i i I 
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Fig. 6 Zero-shear viscosity as a function of LCB-PP content; 7=190 °C (the dash lines show the 
additivity rule). 

To see the effect of molecular weight of L-PP on the relaxation behavior of the 

blends, the weighted relaxation spectra of the PP40/LCB-PP and PP04/LCB-PP blends 

are illustrated in Figures 7(a) and (b), respectively. The addition of LCB-PP changes the 

relaxation mechanism from simple reptation to arm retraction, which retards the 

movement of chains along their backbone; hence, the maxima in the curves shift to 

longer times and the spectrum shape becomes broader. Note that for the PP40/LCB-PP 
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blends, the positions of the peaks are intermediate to those of the neat components, 

indicating again miscibility, while for the PP04/LCB-PP blends non uniform changes in 

the peaks are observed. 

The behavior can also be analyzed using Cole-Cole plots of r|" versus r\\ as 

illustrated in Figure 8. The semicircular shape for the PP40/LCB-PP blends (Figure 8(a)) 

is another evidence of miscibility (Kwang et al., 2000; Utracki, 1991), while some 

synergistic effects for the PP04/LCB-PP blends (Figure 8(b)) are observed. It should be 

noted that the curves of the high Mw based blends are closer to that of the neat L-PP 

component, which confirms the results demonstrated in Figure 4. 

5000 

4000 ¥ 

3000 H 

2000 

1000 

un ; i.mn i mini t in 

- PP04 
- M M%JXB-PP 
- 40 »1°i l.CB-PP 
- 60 M%~I.CB-PP 
• LCB-PP 

ml nui'il lm°1 iM: 

TO"5 10-* 10'5 10'3 10'' 10° 10' 10-' 103 I04 10' 10* 107 1 10'5 10-4 1 0 ! 10-2 10-' 10° 10' 10= 10:' 104 I05 10« 107 10s 

X(s) Ms) 
Fig. 7 Weighted relaxation spectrum for: (a) PP40/LCB-PP blends and (b) PP04/LCB-PP 
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experiments). 
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Fig. 8 Cole-Cole plots for: (a) PP40/LCB-PP blends and (b) PP04/LCB-PP blends; J=190 °C. 

Figures 9(a) and (b) illustrate the storage modulus of the PP40/LCB-PP and 

PP04/LCB-PP blends, respectively. For the PP40 based blends, at low frequencies, the 

storage modulus of the LCB-PP is larger while the effect becomes inversed at high 

frequencies. For the blends containing a high molecular weight component (Figure 9(b)) 

some synergistic effects at low frequencies are seen for all compositions, which is 

possibly due to the immiscibility of these blends. The increase of elasticity at low 

frequencies is common in immiscible blends and has been interpreted in the context of 

emulsion models (Chun et al., 2000; Palierne, 1990; Utracki, 1991). 
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Fig. 9 Storage modulus as a function of frequency for: (a) PP40/LCB-PP blends and (b) 
PP04/LCB-PP blends; 7=190 °C. 

Palierne (1990) developed a model to predict the linear viscoelastic properties of 

immiscible emulsion-type blends. For a narrow distribution of droplet diameters 

(Bousmina and Muller, 1993) and constant interfacial tension, the complex modulus of 

the blend is expressed by: 

1 + 30//* (co) 
GB(CO) = G:(CO) 

1-2^//* (co) (2) 

where H is defined as: 

//*(co) = -

(2G:(CO) + 5G;(CO)) + (G;(CO)-G:(CO))(16G:(CO) + 19G;(CO)) 

10 
' < x ^ 

K*>; 

(G;(CO) + G:(CO)) + (3G:(CO) + 2G;(CO))(16G:(CO) + 19G;(CO)) 
(3) 
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where (j) is the volume fraction of the droplets of volume average radius Rv, a is the 

interfacial tension, and G*m and G*d are the complex moduli of the matrix and droplets, 

respectively. 

Due to the low optical contrast between the PP components it was impossible to 

obtain the dimensions of drops in the PP blends and hence Rv. Following Fang et al. 

(2005) and Hussein and Williams (2001, 2004), a/Rv was used as a single parameter to 

find the best fits of the experimental data for the blends containing 20 wt% LCB-PP with 

low and high molecular weight L-PP components. 

Figures 10(a) and (b) demonstrate the influence of v/Rv (0, 100, and 500) on the 

storage and loss moduli predicted by the Palierne model for the (80/20) PP40/LCB-PP 

and (80/20) PP04/LCB-PP, respectively. It is obvious that the G" values predicted by the 

model are not sensitive to the value of a/Rv and are in good agreement with the 

experimental data. In contrast, the G' values are dramatically influenced by the value of 

a/Rv at low frequencies. For the (80/20) PP40/LCB-PP blend the best fit of the model 

with the experimental data was achieved for a/Rv= 0 while for (80/20) PP04/LCB-PP 

blend, the best fit was obtained for a/Rv=l00. A value of the interfacial tension equal to 

0 for the (80/20) PP40/LCB-PP blend is indicative of miscibility. However, the non zero 

value of a/Rv for the (80/20) PP04/LCB-PP blend is indicative of the presence of a 

dispersed phase. Assuming an interfacial tension of 0.1 mN/ra for the PP pair 

(PP04/LCB-PP), the corresponding droplet radius is estimated to be around 1 urn. 

Hence, the hypothesis of immiscibility for these blend components is reasonable. 
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The role of adding the long-chain branched component on the temperature 

sensitivity of complex viscosity of the blends is examined via the time-temperature 

superposition (TTS) principle. The results for the unblended polymers as well as for two 

blends are depicted in Figures 11(a) and (b), respectively (to facilitate the comparison 

between data, the curves have been shifted by a multiplication factor as indicated). The 

shift factor, aj, was obtained from the temperature dependency of the zero-shear 

viscosity and was larger for the branched polymer compared to the linear one. From 

Figure 11, it is clear that TTS holds for all the samples. Van Gurp and Palmen (1998) 

proposed a refined analysis to check the validity of the TTS principle. The TTS principle 

is respected when the plot of the loss angle, 5 (tan8=G"/G'), as a function of complex 

9 7 1/9 

modulus, G*=(G' +G" ) , superimpose in a single curve for all temperatures. The 

analysis of van Gurp and Palmen (1998) was examined for (60/40) PP40/LCB-PP and 

(60/40) PP04/LCB-PP blends as well as their neat components (the results are not 

shown). A single curve for each sample for various temperatures was observed, 

indicating that the TTS principle holds for all the samples. Macaubas and Demarquette 

(2002) investigated the applicability of TTS for a blend containing 10 wt% PP in PS and 

a blend containing 10 wt% PP in HDPE using the van Gurp-Palmen analysis. The 

immiscible 10 wt% PP/HDPE blend was observed to respect the principle, but not the 

immiscible 10 wt% PP/PS blend. This was explained by large differences of the flow 

activation energy, horizontal shift factor, and of the interfacial tension for PP and PS 

compared to those of PP and HDPE. In our case, although different rheological 
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characterization methods suggested immiscibility of the PP04/LCB-PP blend systems, 

no significant differences for the flow activation energy and the shift factor were found 

for the blend components. In addition, a small value of interfacial tension between the 

components is expected. Hence, these observations can explain the validity of TTS for 

the (60/40) PP04/LCB-PP blend. 
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Fig. 11 Time temperature superposition for: (a) (60/40) PP40/LCB-PP blend and (b) (60/40) 
PP04/LCB-PP blend (the reference temperature is 225 °C). 

In contrast to oscillatory shear data, uniaxial extension is very sensitive to molecular 

and microstructural parameters (Miinstedt et al., 1998; Wagner et al., 2000). The 

transient elongational viscosity r\+e (t) of the resins and blends at different strain rates 

and 190 °C is illustrated in Figure 12 (as in Figure 11, the curves have been shifted by a 

multiplication). As expected, the linear polypropylenes respect the linear viscoelastic 

behavior over a large strain range where the transient elongational viscosity is equal to 

three times that the transient viscosity in simple shear determined using the relaxation 

spectrum according to the following equation: 
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T\+e(t) = 3fjXiHi(l-e-"x>) 

(4) 

To obtain the transient elongational viscosity from the above equation 100 modes (N) 

were used. 

A significant strain hardening is observed for the LCB-PP as well as for all the 

blends. A sharper increase in the extensional viscosity curves and deviations from the 

linear viscoelasticity at shorter times were found as the weight fraction of the LCB-PP 

increases from 0.20 to 1. Stange et al. (2005) found that adding a small amount of the 

same long-chain branched PP to a linear PP (different than those used in this work) 

caused strain-hardening and the effect was attributed to long-chain branching. Similar 

results for blends of LDPE and LLDPE were reported by Ajji et al. (2003) and Wagner 

et al. (2004). Note that for the PP04/LCB-PP blends at all strain rates the shape of the 

curves are similar to that of the PP04, in accordance with the shear data (see Figures 4 

and 8), which is probably due to immiscibility of these blends. As for the shear 

properties, it is clear that the elongational properties are dominated by the high 

molecular weight component. 

The behavior of the PP28/LCB-PP blends was similar to that of the PP40/LCB-PP 

blends and that of the PP08/LCB-PP was close to the PP04/LCB-PP. For the sake of 

simplicity and brevity, the results for the PP28/LCB and PP08/LCB blends are not 

shown. 
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Fig. 12 Transient elongational viscosities as a function of time at different Hencky strain rates, 
£, for: (a) PP40/LCB-PP blends and (b) PP04/LCB-PP blends; T= 190 °C (the solid lines 
represent the linear behavior calculated from the relaxation time spectrum). 

3.3 Thermal characterization 

In the melting curve of the neat L-PPs, a small peak around 148 °C was observed and 

attributed to the presence of a small amount of beta (P) or hexagonal crystalline form of 

PP (Jang et al., 2001). The magnitude of the peak was reduced when up to 5 wt% 

branched PP was added and disappeared by further addition of the LCB-PP. As the peak 

was not seen for the neat LCB-PP, it could be concluded that the presence of long-chain 

branches prevented the formation of beta crystals. Tian et al. (2006b) studied the 

crystalline structures of linear and long chain branched PPs using wide-angle X-ray 

diffraction (WAXD). In accordance with our DSC results, they found that linear PPs 

could crystallize in the a and P forms, while branched PPs crystallized only in the a 

crystalline form. 

Melting and crystallization temperatures obtained from the peak positions as well as 

the degree of crystallinity of the various materials and blends are presented in Table 2. 
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The melting point of the blends first increases by adding 20 wt% LCB-PP to the linear 

PPs while further addition reduces it. The reason for this behavior is unclear at present 

and different trends for the melting point of blends of linear and branched PPs have been 

reported in the literature (McCallum et al., 2007). Generally, a single melting peak was 

observed for all the blends. However, as the melting points of the components are very 

close, this cannot be considered as an indication of miscibility. 

Table 2. Melting point (Tm), crystallization temperature (Tc), and degree of crystallinity (Xc) of 
the neat PPs as well as the blends (the numbers in parenthesis indicate the standard deviation of 
crystallinity). 

Sample 
Tm Tc 

(°C) (°C) 
xc 

PP04 

(20/80) PP04/LCB-PP 

(40/60) PP04/LCB-PP 

(60/40) PP04/LCB-PP 

LCB-PP 

PP08 

(20/80) PP08/LCB-PP 

(40/60) PP08/LCB-PP 

(60/40) PP08/LCB-PP 

LCB-PP 

159.6 116.9 36.8±1.1 

161.9 125.5 41.6±0.7 

161.7 126.4 37.5+0.5 

160.5 127.1 36.9±1.2 

158.6 128.4 35.0±1.0 

160.0 117.3 37.8+1.5 

161.5 126.0 40.2±0.8 

160.5 127.3 39.6±0.8 

160.2 127.6 39.1±0.3 

158.6 128.4 35.0±1.0 

Sample 
CO CO xc 

PP28 161.0 114.4 40.0+0.9 

(20/80) PP28/LCB-PP 162.1 126.5 42.2±1.4 

(40/60) PP28/LCB-PP 161.6 127.5 41.3±0.7 

(60/40) PP28/LCB-PP 160.6 127.7 35.6±1.1 

LCB-PP 158.6 128.4 35.0±0.9 

PP40 159.8 119.2 38.8+1.9 

(20/80) PP40/LCB-PP 161.3 126.9 40.8+1.1 

(40/60) PP40/LCB-PP 160.9 127.5 40.2+0.7 

(60/40) PP40/LCB-PP 160.0 127.8 37.3±1.2 

LCB-PP 158.6 128.4 35.0±0.9 

Adding LCB-PP to the linear PPs causes a significant increase in the crystallization 

temperature, Tc, for all LCB contents, with the maximum change occurring at 20 wt% 

LCB-PP (see Table 2). Similar observations for blends of other linear and branched PPs 

were reported by McCallum et al. (2007). To determine at which concentration the 

transition for the crystallization temperature occurs, additional blends containing 2, 5, 
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and 10 wt% LCB-PP were prepared and analyzed and the results are shown in Figure 13. 

It is clear that Tc of PP28 changes from 114.4 to 123.3 °C after adding only 2 wt% LCB-

PP while further addition of LCB-PP causes a slight increase of the crystallization 

temperature. Dramatic increases in the crystallization temperature have also been 

reported in literature (Zhang et al., 2007) when a nucleating agent was added to a neat 

polymer. It was interpreted by a lower free energy for the heterogeneous nucleus 

formation compared to that of the homogeneous nucleus formation. In our case, one 

possibility for the dramatic rise of Tc can be explained by a large increase of the 

heterogeneous nuclei sites due to addition of the long-chain branches. However, the 

residual catalysts used to produce the long-chain branches may also act as nucleating 

agents, which could be another reason for the increase of Tc. 
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Fig. 13 DSC cooling thermographs for PP28, LCB-PP, and their blends at 10 °C/min. 
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Table 2 also reports the results of crystallinity measurements for all the blends and 

for all concentrations. A significant increase of the degree of crystallinity is observed 

when 20 wt% of LCB-PP is added to the L-PPs, and this for all the blends. It was also 

found that the transition in this crystallinity increase occurs upon the addition of only 2 

wt% LCB-PP (the data are not presented here). It is postulated that a small amount of the 

LCB-PP increases the number of nuclei sites, resulting in an increase of crystallinity. On 

the one hand, further addition of the branched polymer increases the number of nuclei 

sites, on the other hand, the branches prevent chain mobility, leading to a decrease in 

crystallinity when more than 20 wt% LCB-PP is added. 

To examine the effect of adding LCB-PP on the rate of crystallization, the relative 

crystallinity (obtained from the area under the exotherm peak of the crystallization 

curve) as a function of time for the PP28/LCB-PP blends was determined and the results 

are shown in Figure 14. The relation between time, t, temperature, T, and cooling rate, 

O, is expressed as (Tian et al., 2007): 

T-T 
t = ^ 

° (5) 

where T0 is the onset crystallization temperature. All the curves show an S shape, similar 

for all the components and blends, as seen in Figure 14. However, a lower transition 

appeared at the later crystallization stage for samples containing the LCB-PP. In general, 

the rate of crystallization is first controlled by nucleation and then by growth of crystals 

and packing (Tian et al, 2007). As mentioned above, adding a branched polymer to a 

linear one increases the number of nuclei sites resulting in a larger crystallization rate for 
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the blends in the early stages of the crystallization. However, due to more impingements 

of the crystalline parts, crystalline growth is stopped at later stages. Tian et al. (2007) 

studied the crystallization kinetics of a linear PP and PPs containing different levels of 

long chain branching (LCB). Similar to our results, their finding showed that the 

presence of LCB accelerated crystallization at the early stage, and then the reverse effect 

on crystallization was observed at the later stage. The half-time of crystallization, t\a, 

can be obtained from Figure 14. It is obvious that the value of t\a decreases as the level 

of the LCB-PP increases, indicating that the presence of the LCB-PP accelerates the 

crystallization behavior of the L-PP. It is speculated that the branches have the role of 

heterogeneous nucleating sites, which was also mentioned by Tian et al. (2007). 
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Fig. 14 Curves of relative crystallinity versus time for the PP28/LCB-PP blends. 

The Avrami equation can be used to elucidate the differences in the primary 

nucleation for the blend systems (Agarwal et al., 2003). It is expressed as: 
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where X(t) is the amount of crystallinity and n and k are the Avrami constants. The 

exponent n depends on the nucleation type and growth geometry (Agarwal et al., 2003): 

n values close to 1,2, and 3 correspond to a rod, disk, and sphere like growth geometry, 

respectively (Agarwal et al., 2003). The double logarithm of the above equation leads to: 

log[-ln(l-X)] = log(*) + /ilog(f) ( 7 ) 

Plots of log [-ln(l-X)] versus log t are illustrated in Figure 15. To facilitate the 

comparison between data, the non-linear portion of the curves was removed. The value 

of the Avrami exponent, shown in the figure, is close to 3 indicating sphere like growth 

of the crystalline phase for all the samples. The value of n changes upon adding LCB-PP 

to the blends. This suggests different nucleation and growth mechanisms for the samples 

containing LCB-PP. 



300 

0 . 0 I — i — i — i — i — i — i — i — ! — i — I — i — i — i — i — i — i — i — i — i — I — i — i — i — r 

• PP28 
A 40 wt%_LCB-PP 

„ , " • LCB-PP 

r—i 

^ - 1 . 0 -
I 

uL, -1.5 -
60 " »=3.29 
O 

— «=3.67 

-2.0 -

_ 2 5 i — • — i •• i i i i i i i i i i i i i > i i i i i i i i 

1.3 1.4 1.5 1.6 1.7 1.8 

log (0 
Fig. 15 Plots of log[-ln(l-X(0)] as function of log(f) for PP28, LCB-PP and the 40wt% 
PP28/LCB-PP blend. 

The crystal morphology of the PP28, LCB-PP, and the blends containing 2 and 20 

wt % LCB-PP were observed using POM, and presented in Figure 16. Large spherulites, 

as expected for linear polymers, are observed for PP28 (Figure 16(a)). The number of 

spherulites increased noticeably and their size decreased by adding only 2 wt% LCB-PP 

(Figure 16(b)), indicating that more nucleating sites have been created. The crystal 

structures of the (80/20) PP28/LCB-PP blend was similar to that of (98/2) PP28/LCB-PP 

and the neat LCB-PP showed slightly smaller spherulites. The optical microscopy 

revealed that the spherulite growth in PP28 was due to sporadic nucleation, while that of 

the branched PP containing blends is attributed to an instantaneous nucleation. Sporadic 

nucleation happens by chain aggregation, which needs a longer time, whereas 

n=3.11 
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heterogeneous nucleation happens as soon as the temperature reaches the crystallization 

temperature (Guan et al., 2003; Tian et a l , 2007). This can explain the results presented 

in Figure 14. 

Fig. 16 Optical micrographs at the end of crystallization for samples non isothermally 
crystallized at 10 °C/min from the melt, a) PP28, b) (98/2) PP28/LCB-PP, c) (80/20) PP28/LCB-
PP, and d) LCB-PP. 

As mentioned before, it is believed that the residual catalyst in the branched 

samples act as a nucleating agent. In order to separate the contribution of the residual 

catalyst from that of long-chain branches on the final morphology, 0.2, 0.5, and 1 wt % 

sodium benzoate (SB) (supplied by LAB MAT), in the form of powder, were dry 
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blended with the PP28. From Dong et al.s (2008) and Zhu et al., (2006), it is known that 

SB acts as an a form nucleating agent. Figure 17 illustrates optical micrographs of the 

PP28 and nucleated samples as well. Obviously, the reduction of the spherulite size is 

observed when the nucleating agent is added to the linear polymer. These observations 

accompanied with those presented in Figure 16 suggest a significant coupling effect 

between residual catalysts and long chain branches, which yields to the presence of large 

number of very small spherulites for the specimens containing the branched polymer. 

Fig. 17 Optical micrographs at the end of crystallization for samples non isothermally 
crystallized at 10 °C/min from the melt, a) PP28, b) 0.2 wt% nucleated, c) 0.5 wt% nucleated, 
and d) 1 wt% nucleated. 
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3.4 Solid state properties 

The glass transition temperature of samples, obtained from the position of the 

maximum in the G" curves, is presented in Figure 18. The solid lines were sketched 

accordance to the Fox equation: 

where Tg\ and Tg2 are the glass transition temperature of the unblended samples and w is 

the weight fraction of the branched component. The Fox equation can describe the Tg of 

polymer blends when no strong interaction exists between the polymer components 

(Boileau et al., 2001). In other words, significant deviations from this empirical relation 

for the polymer systems involving strong forces (e.g. hydrogen bonding) have been 

reported (Boileau et al., 2001). In our case, a positive deviation, with maximum 

occurring at 20 wt% of the branched PP, from the Fox equation is observed (Figure 18). 
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Fig. 18 Glass transition temperature as a function of LCB-PP content (the solid lines represent 
the Fox equation). 

4 Conclusions 

In this study, the rheological, crystallization, and thermal properties of blends of 

different molecular weight linear polypropylenes (L-PP) and a long-chain branched 

polypropylene (LCB-PP) were investigated. It was found that the shear and extensional 

properties of the blends were dominated by the L-PP for blends containing high 

molecular weight component. Based on the log-additivity rule for the zero-shear 

viscosity, Cole-Cole plots, weighted relaxation spectra, and elongational behavior, the 

low molecular weight L-PP blends with the branched PP are believed to be miscible, and 

the high molecular weight L-PP blends to be immiscible. The Palierne model predictions 

were in good agreement with the experimental data for all of the blends investigated. We 
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considered a/Rv (e.i. the ratio of interfacial tension a to volume average radius /?,,) as a 

fitting parameter to find the best fit of the model predictions with the experimental data. 

The low frequency data of a PP40/LCB-PP blend and a PP04/LCB-PP blend was well 

described by a/Rv = 0 and a/Rv = 100, respectively, which suggests miscibility of the 

PP40/LCB-PP blend and immiscibility of the PP04/LCB-PP blend. Our results confirm 

the finding of Fang et al. (2005) on the miscibility/immiscibility of LLDPE/LDPE 

blends 

The applicability of the time-temperature superposition (TTS) principle was 

checked for the blends as well as for the neat polymers. A good validity of TTS was 

found for all the samples and was explained by the close values for the flow activation 

energy and shift factor of the samples and the small interfacial tension between the PP 

components. 

The results from thermal analysis indicated that, a small amount of long-chain 

branches increases the number of nuclei sites and alternatively the degree of 

crystallization and rate of crystallization. By the addition of a branched polymer, a 

dramatic increase of the crystallization temperature was observed. Finally, it was found 

that the value of half crystallization time, t\a, decreases as the level of LCB-PP 

increases, indicating in that the branches behave as heterogeneous nucleating sites. 

Polarized optical microscopy of the samples revealed much smaller spherulites for 

the blends compared to the neat linear PP. This was attributed to the combined effects 
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between residual catalysts and long-chain branches, indicating that these two act as 

nucleating agents. 

A positive deviation from the Fox equation of glass transition temperature, Tg, was 

observed for all the blends. 

5 Acknowledgement 

Financial support from NSERC (Natural Science and Engineering Research Council of 

Canada) is gratefully acknowledged. 

Notation 

a,j thermal shift factor 
G' storage modulus (Pa) 
G" loss modulus (Pa) 

G*m matrix complex modulus (Pa) 

G*d droplet complex modulus (Pa) 

H relaxation spectrum (Pa) 
k Avrami constant 
Mn number average molecular weight (kg/mol) 
Mw weight average molecular weight (kg/mol) 
n Avrami constant 
Rv volume average radius ((am) 
t time (s) 
f 1/2 half time of crystallization (s) 
T temperature (°C) 
Tc crystallization temperature (°C) 
Tg glass transition temperature (°C) 
Tm melting point (°C) 
T0 onset crystallization temperature (°C) 
w weight fraction 
X degree of crystallinity 



Xc degree of crystallinity 
Xrei relative crystallinity 

Greek symbols 

a 

P 
8 
e 

* 
1 
Tl„ 

Tl' 

11" 

K 
X 

n 
4>P 
<D 
CO 

interfacial tension (mN/m), alpha crystal form 
beta crystal form 
loss angle 
strain rate (1/s) 

complex viscosity (Pa.s) 

zero-shear viscosity (Pa.s) 

real component of complex viscosity (Pa.s) 
imaginary component of complex viscosity (Pa.s) 

transient elongational viscosity (Pa.s) 

relaxation time (s) 
micron 
branched polypropylene content 
cooling rate (°C/min) 
frequency (rad/s) 

Abbreviations 

DMA dynamic mechanical analysis 
DSC differential scanning calorimetry 
ETC environmental test chamber 
GPC gas permeation chromatography 
L-PP linear polypropylene 
LCB-PP long-chain branched polypropylene 
LDPE low density polyethylene 
LLDPE linear low density polyethylene 
MFR melt flow rate 
MWD molecular weight distribution 
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NLREG non linear regularization 
PE polyethylene 
POM polarized optical microscopy 
PP polypropylene 
SB sodium benzoate 
TTS time temperature superposition 
WAXD wide angle x-ray diffraction 
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